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Overview
Oxidation Resistance

Alloy Design Strategies for Promoting
Protective Oxide-Scale Formation

M.P. Brady, B. Gleeson, and I.G. Wright

Figure 1. A scanning electron microscopy
(backscatter mode) cross-section micrograph
of Nb-33Ti-40Al (in at.%) after 15 minutes at
1,400°C in air. The continuous Al2O3 scale
cuts off the formation of more rapidly growing
niobium-rich transient oxides.3
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with the thermochemistry of the envi-
ronment and the temperature of the re-
action. Oxidation can lead to a loss of
load-bearing capacity in a component
by the reduction of metallic cross section
and, for many high-temperature appli-
cations, is the primary factor limiting
service life. Interstitial dissolution of
oxygen, nitrogen, etc. into an alloy dur-
ing elevated-temperature exposure,
which may accompany oxidation, can
also degrade mechanical properties and
result in component failure.

In practice, the oxidation of metals in
many applications is not prevented,
rather it is managed. Protection of the
underlying metal is most often accom-
plished by the formation of a continuous
scale over the surface such that it serves
as a barrier between the remaining un-
derlying, unoxidized metal and the en-
vironment. Long-term protection is gen-
erally associated with a scale that grows
by a diffusion-controlled process or pro-
cesses because the rate of scale growth
slows with reaction time as the diffusion
distance (scale thickness) increases. Most
high-temperature environments of tech-
nological interest contain at least some
oxygen. Given the fact that metal oxides
are nearly always more stable thermo-

Editor’s Note: Compositions are given in weight percent
unless otherwise noted.

This article discusses general strategies
for designing alloys to form protective oxide
scales. Approaches based on classical alloy-
oxidation theories work reasonably well for
single-phase alloys. However, high-tempera-
ture alloy development has been and will
increasingly be based on multiphase micro-
structures in order to achieve many of the
needed, but usually opposing properties, such
as high-temperature strength and room-tem-
perature toughness. No theoretical-based,
well-defined strategies exist for the design of
oxidation-resistant multiphase alloys. Still,
key factors are beginning to emerge, which
can provide guidance for promoting the for-
mation of protective scales on multiphase
alloys and for taking advantage of some
unique mechanisms that are operative in
multiphase alloys but not in single-phase
alloys.

INTRODUCTION

Most high-temperature environments
of technological interest contain suffi-
cient reactive gaseous species that nearly
all metals are thermodynamically un-
stable and convert to oxides, nitrides,
carbides, sulfides, chlorides, etc. Such
conversion processes are generically
termed oxidation. The rate of oxidation
depends primarily on the specific char-
acteristics of the reaction product formed,
which is determined by a complex inter-
play among composition, microstruc-
ture, and surface condition of the alloy

dynamically than the corresponding
metal nitrides, carbides, sulfides, chlo-
rides, etc., the formation of an oxide
scale is the preferred protection mode.

PROTECTIVE OXIDE-SCALE
FORMATION

What constitutes a protective oxide
scale depends on the desired lifetime of
the component and the expected service
conditions. For long-term (>>1,000
hours) use above about 600°C, Cr2O3,
Al2O3 (α), and SiO2 are the principal ox-
ides used for protection. These oxides
offer the potential for protection because
the rates of metal and oxygen diffusion
in the oxides are sufficiently low that
they grow (oxidize) at an acceptably slow
rate. In general, for long-term service
under isothermal conditions, Cr2O3 scales
can provide protection up to a maxi-
mum of around 1,000–1,100°C; Al2O3 to
around 1,400°C; and SiO2 to around
1,700°C. A complicating factor for both
Cr2O3 and SiO2 scales is volatility, espe-
cially in the presence of water vapor
and/or in environments where there is
flow, which can significantly (greater
than several hundred degrees) reduce
the maximum-use temperature.1,2

There are two key factors for protec-
tive oxide-scale formation: thermody-
namic stability and protective oxide con-

Figure 2. A schematic of (a) internal BO formation beneath a rapidly growing AO scale; and (b)
external protective BO scale formation. Note that BO is thermodynamically more stable than AO.
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Figure 3. A schematic showing (a) two phases oxidizing inde-
pendently to form a nonuniform, nonprotective AO + BO scale,
and (b) dissolution of a B-rich second phase in support of
protective BO scale formation.41

Figure 4. Optical cross-section micrographs of (a) as-cast Fe-15Cr-0.5C at 850°C, 72 hours, 1 atm oxygen; (b) hot-forged Fe-15Cr-0.5C at 850°C,
72 hours, 1 atm oxygen; and (c) as-cast Fe-14Cr-0.4C-1Si-1Ni at 850°C, 14 days, 1 atm oxygen.50

c 40 µmb 20 µm

tinuity. During the initial or transient
stage of oxidation, nuclei of virtually all
thermodynamically stable oxides of the
alloy components form, including rap-
idly oxidizing elements. In order to
achieve protective oxidation behavior,
Cr2O3, Al2O3, or SiO2 must be the most
thermodynamically stable oxide of all of
the major base alloy components. Under
this constraint, if a continuous layer of
the protective oxide can be established,
the oxygen potential (i.e., partial pres-
sure) at the alloy/scale interface is re-
duced below that at which the less-pro-
tective oxides are stable. Steady-state
selective oxidation governed by Cr2O3,
Al2O3, or SiO2 formation then ensues. An
example of this is shown in Figure 1,
where the formation of a continuous
Al2O3 layer locally cut off the growth of
fast-growing, transient niobium-rich
oxides during oxidation of a Nb-Ti-Al
alloy at 1,400°C in air.3

It is important to note that maintain-
ing protective oxide-scale formation is
often not a trivial matter. Of particular
concern is loss of oxide-scale adherence,
especially under thermal cycling condi-
tions. Due to subsurface compositional
changes in the alloy, which may result
from the selective consumption of chro-

mium, aluminum, or sili-
con, the ability of the al-
loy to reform a protec-
tive Cr2O3, Al2O3, or SiO2
scale after spallation may
be compromised or lost.
Issues relating to main-
taining adhesion of ox-
ide scales are addressed
in the article by Smialek
in this issue of JOM.4

OXIDATION OF
SINGLE-PHASE

ALLOYS

The thermodynamic
and kinetic aspects of

single-phase alloy oxidation have been
extensively studied and reviewed (e.g.,
References 5–9). The basic parameters
that dictate the formation of a protective
scale are fairly well established, and, for
binary and ternary alloys, the critical
concentrations of chromium, aluminum,
or silicon additions needed to form and
maintain a protective oxide can be rea-
sonably approximated if sufficient input
data are available.

Compositional and Kinetic
Factors Affecting Protective-Scale
Formation

Figure 2 shows schematic diagrams of
two limiting cases resulting from the
oxidation of a binary alloy AB for which
AO, a rapidly growing, nonprotective
oxide, is less stable than BO, a protective
oxide, such as Cr2O3, Al2O3, or SiO2. AO
and BO are assumed to be mutually
insoluble and the oxygen partial pres-
sure in the atmosphere is sufficiently
high for both oxides to be stable. The two
limiting cases shown are the formation
of internal BO particles within the alloy
and beneath the AO scale (Figure 2a)
and the exclusive formation of a con-
tinuous, protective scale layer of BO (Fig-
ure 2b). These cases are most applicable
to the situation where the difference in
thermodynamic stability between AO

and BO is large.10

Internal oxidation usually proceeds
according to a parabolic rate law ex-
pressed in the form11

ξ2 = 4γ2 DOt (1)

where ξ is the thickness of the internal
oxidation zone at time t, DO is the diffu-
sion coefficient of oxygen in the alloy,
and γ is a dimensionless kinetics param-
eter. The value of γ is inversely related to
the atomic concentration of B in the bulk
alloy,   NB

o , and the interdiffusion coeffi-
cient in the alloy, DAB, but it is directly
related to the solubility of oxygen at the
alloy surface,   NO

s . Therefore, ξ tends to
decrease with increasing   NB

o  and de-
creasing permeability of oxygen in the
alloy (  N DO

s
O ). Departures from pre-

dicted classical behavior have been ob-
served, particularly when the internal
oxides are accicular and oriented per-
pendicular to the alloy surface (e.g., Al2O3
in the Ni-Al system).12 In such cases, the
kinetic expression must be modified to
account for the enhanced diffusion of
oxygen along the interfaces between the
alloy matrix and the internal oxide.13

Notwithstanding, ternary and higher-
order alloying additions which effec-
tively increase   NB

o  or decrease   NO
s  are

beneficial in reducing ξ (e.g., References
14 and 15).

The transition from internal to exter-
nal BO formation requires that a critical
concentration of B in the bulk alloy,   NB

o * ,
be exceeded. The value of   NB

o *  is depen-
dent on kinetic rather than thermody-
namic factors, although clearly the alloy
must contain a sufficient concentration
of B to maintain BO stability at the BO/
alloy interface during steady-state
growth. This “thermodynamically re-
quired” concentration is usually quite
small for the highly stable oxides Cr2O3,
Al2O3, and SiO2,

10,16 and is significantly
below the critical concentration required
by kinetic considerations.

The treatments to predict   NB
o *  (e.g.,

References 17 and 18) are based on the

a                                                         b
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b 3 µm

assumption that the volume fraction of
BO in the internal oxidation zone, fv,
increases with increasing B concentra-
tion to the extent that oxygen diffusion
in the alloy becomes so restricted that
external BO formation is favored. The
critical value of fv is usually taken to be
0.3, reported originally by Rapp19 from
his study of the oxidation of Ag-In alloys
at 550°C. It is approximately found that

  N erfcB
o * exp/ /≈ ( ) ( )1

2
1 2 2 1 2γφ γ φ γφ (2)

where φ = DO/DAB, γ is the kinetics pa-
rameter appearing in Equation 1, and
erfc(z) is the complementary error func-
tion of z. It can be inferred from Equation
2 that   NB

o *  decreases with γφ1/2. Thus,
external BO formation is favored by a
high value of DAB and a low value of

  N DO
s

O .
It is generally believed that the provi-

sion of a greater number of short-circuit
diffusion paths tends to increase DAB
more than DO. Therefore, the critical con-
centration for protective oxide forma-
tion can be effectively decreased by re-
ducing the alloy grain size20–22 or increas-
ing the dislocation density at the alloy
surface by mechanical deformation via
abrasion, sand blasting, shot peening,
etc.23 A higher density of defects at the
alloy surface may also promote the pref-
erential nucleation and establishment of
the protective BO scale during the tran-
sient stage of oxidation.12,24

Selecting Alloying Additions
to Promote Protective
Oxide Formation

Ternary and higher order alloying
additions that cause the solubility for
oxygen in the alloy to decrease should,
in turn, cause   NB

o * to decrease and, there-
fore, favor protective scale formation.
This effect is difficult to isolate due to the
potential influence of other contributing
factors, but it has been invoked as a
possible explanation for the beneficial
effect of 2 wt.% silicon and 1 wt.% tita-
nium additions in promoting Al2O3 scale
formation on NiCrAlY-based alloys.25 It
is worth noting that adding elements

Figure 5. A scanning electron microscopy
(secondary mode) cross-section micrograph
of Ni-9SiC after approximately 1 week at
1,000°C in dry air.57

Figure 6. (a) Oxidation kinetics (each data
point represents a thermal cycle to room
temperature) and (b) a scanning electron
microscopy cross section of Mo-15Si3N4-6Si
after 111 hours at 1,000°C in air.57,59

a

with a high electron-to-atom ratio (e/a)
can often reduce oxygen solubility.26 This
approach was adopted in a qualitative
manner by Perkins et al.27,28 in a develop-
ment effort devoted to producing oxida-
tion-resistant niobium- and titanium-
aluminide alloys. However, to the au-
thors’ knowledge, there have not been
any systematic studies on the depen-
dence of   NB

o *  on e/a.
In some cases, the critical concentra-

tion for protective scale formation can be
decreased by additions of elements that
form an oxide of intermediate thermo-
dynamic stability to AO and BO. For
instance, it is well known that a lower
aluminum content is needed to establish
and maintain an Al2O3 scale on M-Cr-Al
alloys (where M = nickel, cobalt, or iron)
than on M-Al alloys.29 This phenomenon
is generally referred to as the third-ele-
ment effect. Such an effect can be ex-
tremely important from an alloy-design
viewpoint, as large additions of alumi-
num, for example, tend to depress the
melting point and increase brittleness.

The classical hypothesis for the third-
element effect is based on secondary
gettering, a phenomenon first proposed
by Wagner30 to explain the promotion of
Al2O3 scale formation by zinc additions
to Cu-Al alloys and chromium additions
to Fe-Al alloys. According to the hy-
pothesis, the oxide of the ternary addi-
tion develops extensively in the tran-
sient scale and thereby reduces the oxy-
gen potential at the alloy/scale interface
(i.e.,   NO

s ) to a value that is significantly
lower than if there were no ternary addi-
tion. The lowered oxygen potential re-
duces the inward flux of oxygen into the
alloy and consequently enables B to dif-
fuse to the surface from the bulk without
precipitating as an internal oxide, thus
resulting in the development of a con-
tinuous BO scale layer at lower B con-
centration than in the corresponding bi-
nary alloy.

Although secondary gettering is a
well-established mechanism for explain-
ing the third-element effect, not all ter-
nary additions that form oxides of inter-
mediate stability have the desired ef-
fect.31 For instance, the addition of man-
ganese to Fe-Al alloys does not facilitate
the establishment of an Al2O3 scale when
present in high concentrations even
though the stability of MnO is interme-
diate to FeO and Al2O3.

31–33 In this case,
the manganese stabilizes the austenite
(γ) phase, which is hypothesized to suf-
ficiently lower aluminum diffusivity
relative to that in the α-Fe(Al) phase that
the third-element effect is nullified (work
of Jackson and Wallwork reported in
Stott et al. review article31). Alternative
mechanisms to explain the third-element
effect based, for example, on modifica-
tion of subsurface diffusion behavior34,35

have been proposed, reflecting the fact
that there is not a complete understand-

ing of how a third element may influ-
ence the formation of a protective scale
on a single-phase alloy.31

The Effect of Oxygen
Partial Pressure

The critical concentration of B for pro-
tective oxide-scale formation,   NB

o * , de-
creases with decreasing oxygen partial
pressure since, in accordance with
Sieverts’s law,   NO

s  decreases.36 Thus, an
increase in the oxidant pressure in a
given environment may cause a border-
line alloy to have a subcritical B content
and exhibit nonprotective behavior.
Therefore, for example, an alloy which
exhibits protective scale formation at
reduced oxygen partial pressures may
not exhibit protective oxidation behav-
ior in pure oxygen or air. For such alloys,
pretreatment in a low oxygen partial
pressure environment would favor ex-
clusive BO scale formation. However,
such pretreatments are often not practi-
cal as the protective BO scale cannot be
reformed during service in the higher
oxidation pressure environment if ox-
ide-scale damage or spallation occurs.

OXIDATION OF TWO-PHASE
ALLOYS

Many current alloys designed for high-
temperature use are multiphase, reflect-
ing the need to balance many needed,
but often opposing properties, such as
high-temperature strength and room-
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Figure 7. Schematic 1,000°C Ti-Al-Cr phase
diagram43,62,63 showing Al2O3-forming compo-
sition range mapped out by Perkins and
Meier.61

Figure 8. A scanning electron microscopy
(backscatter mode) cross-section micrograph
of Ti-50Al-15Cr (in at.%) after 100 h at 1,000°C
in air.63

10 µm

temperature toughness. It is, therefore,
somewhat surprising that, until recently,
there has been only a limited number of
studies devoted to gaining a theoretical
or experimental understanding of the
oxidation behavior of multiphase alloys
from the viewpoint of elucidating the
role of the individual phases.37–44

From a thermodynamic standpoint, it
is worth noting that there is no distinc-
tion between the chemical stability of an
element in a single-phase alloy versus a
multiphase alloy. This is because equi-
librium considerations require that the
chemical activity of any given compo-
nent must be the same in all phases of a
multiphase alloy, regardless of how large
the concentration difference may be.
Therefore, it is the availability of the
protective oxide-forming component el-
ement (i.e., chromium, aluminum, or sili-
con) in the multiphase microstructure
that is of paramount importance, not its
activity per se. Key factors include the
size, shape, distribution, volume frac-
tion, and composition of the minority
phase(s), as well as the composition of
the matrix phase. In general, protective
scale formation is favored by small,40

finely distributed second-phase particles.
Quantitative theoretical treatments of

multiphase alloy oxidation are currently
limited to two-phase, binary alloy oxi-
dation and have focused on the kinetics
and modes of internal oxidation, together
with the transition from internal to ex-
ternal BO formation.45–47 It has been found
that, under the same oxidizing condi-
tions, a higher concentration of B is re-
quired in a binary, two-phase alloy for
protective BO scale formation than in a
corresponding binary, single-phase al-
loy. This difference in critical concentra-
tion is predicted to increase with de-
creasing solubility of B in the A-rich
matrix. Unfortunately, extension of these
treatments to ternary and higher-order
systems is not yet possible due the inclu-
sion of numerous additional variables,
related in part to the extra degree(s) of
thermodynamic freedom gained. Indeed,
as will be shown in a subsequent section,
ternary, two-phase alloys can exhibit

protective BO scale formation at a lower
concentration of B than the correspond-
ing binary AB alloy.

From the alloy-design standpoint, it
can be inferred intuitively that anything
that improves the oxidation behavior of
the matrix phase would aid in facilitat-
ing protective BO scale formation on a
multiphase alloy. Thus, the strategies
used for single-phase alloy oxidation can
also be applied to two-phase alloys, in-
cluding the addition of ternary or higher
order elements to reduce oxygen solu-
bility or to promote secondary gettering,
as well as reducing the alloy grain size
and increasing the dislocation density at
the alloy surface.

The Reservoir Effect

Ternary and higher order two-phase
alloys may exhibit oxidation behavior
less protective than their individual com-
ponent phases; between that of their
component phases; and, in some rare
cases, synergistically better than their
component phases.37,41 Oxidation behav-
ior worse than their individual phases
generally occurs when the phases oxi-
dize independently of each other (Fig-
ure 3a).41 To achieve oxidation behavior
equal to or greater than that of their
individual phases, the component phases
in a multiphase alloy must collaborate in
some manner during oxidation. The clas-
sic example is when a solute-rich second
phase acts as a reservoir for the contin-
ued exclusive growth of the protective
oxide scale (Figure 3b). This results in
the development of a subsurface zone
depleted of the solute-rich second phase,
as is observed, for example, during oxi-
dation of γ ′ -Ni3(Al,Ti) precipitate-
strengthened nickel-based superalloys48

and chromium-carbide dispersion-
strengthened iron- and cobalt-based al-
loys.49–52 A diffusional analysis to predict
the depth of such subsurface zones was
recently presented by Carter et al.53

Alloy microstructure can be critical to
achieving a reservoir effect. For example,
as shown in Figure 4a, a nonprotective,
iron-rich oxide scale formed on as-cast
Fe-15Cr-0.5C during exposure at 850°C
in oxygen.50 The alloy consisted of a γ-Fe
matrix containing coarsely distributed,
interdendritic chromium-rich carbides
of 3 µm average size. The chromium
concentration in the γ-Fe matrix was
11.2 wt.%, which is borderline for Cr2O3
scale formation on an Fe-Cr alloy. Hot
forging the Fe-15Cr-0.5C alloy at 1,150°C
caused the carbide phase to be more
uniformly distributed and the carbide
size to decrease to about 1 µm. The hot-
forged alloy oxidized to form a thin,
protective Cr2O3 scale under the same
conditions where the as-cast material
formed a nonprotective, iron-rich oxide
scale (Figure 4a and 4b). A subsurface,
carbide-depletion zone was present un-
derneath the Cr2O3 scale on the hot-

forged alloy due to the dissolution of the
chromium-rich carbides to supply chro-
mium for the growing scale.

The matrix phase composition is also
critical to promoting protective oxide-
scale formation in a multiphase alloy via
the reservoir effect. For example, it is
well established that silicon can be ben-
eficial in facilitating Cr2O3 scale forma-
tion (e.g., Reference 54), although the
exact mechanism is not known.24 Using
the software package Thermo-Calc55 to
provide guidance, the alloy was modi-
fied to a composition of Fe-14Cr-0.4C-
1Si-1Ni. The silicon partitioned prima-
rily to the γ-Fe matrix and, further, in-
creased the chromium concentration in
the matrix from 11.2 wt.% to 12 wt.%.
(Nickel was added to this alloy to stabi-
lize the austenite phase in order to coun-
teract the ferrite-stabilizing effect of sili-
con). As-cast Fe-14Cr-0.4C-1Si-1Ni oxi-
dized to form a thin, protective Cr2O3
scale, supported by a chromium-carbide
depletion zone (Figure 4c) similar to that
observed for hot-forged Fe-15Cr-0.5C
(Figure 4b).

DESIGNING TWO-PHASE
ALLOYS TO INCORPORATE
RESERVOIR-TYPE EFFECTS

The observation of the reservoir-ef-
fect phenomenon during the oxidation
of some two-phase alloys suggests de-
sign strategies whereby two-phase mi-
crostructures are intentionally created
in order to promote protective oxide-
scale formation. A formal framework for
such an approach does not yet exist.
Indeed, a broad definition for what phe-
nomena constitute a reservoir effect, be-
yond the classical example of solute-
rich, second-phase dissolution in sup-
port of a growing protective oxide scale
(Figure 3b), is yet to be established. How-
ever, instances of improved oxidation
behavior via two-phase microstructures
are beginning to emerge from the litera-
ture. Some general characteristics that
lead to the promotion of protective ox-
ide-scale formation via introduction of a
second phase have been identified and
can be used to provide a basis for insight
into the design of new oxidation-resis-
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Figure 9. (a) Oxidation kinetics and (b) a
scanning electron microscopy (backscatter
mode) cross-section micrograph for Ti-53Al-
11Fe (in at.%) after 100 h at 1,000°C in air.68

In addition to γ-TiAl and Ti(Fe,Al)2 (identifica-
tion based solely on composition data), a
minor volume fraction of the TiAl2 phase may
also have been present.

a

b 10 µm

Figure 10. (a) Oxidation kinetics and (b) a
scanning electron microscopy (backscatter
mode) cross-section micrograph for Ti-50Al-
12Cu (in at.%) after 100 h at 800°C in air.69

b

a

tant alloys. In general, they fall into one
of two categories: direct addition of a
second-phase compound and alloying
to produce a second phase.

Compound Additions

A natural extension of the observation
that second-phase chromium-rich car-
bide particles can act as a chromium
reservoir to promote protective Cr2O3
scale formation49 is the direct addition of
a compound to a base alloy to induce
protective scale formation.56 This is the
basis for the dispersed reservoir (DR)
approach, which offers the potential to
employ an alloy optimized for proper-
ties other than high-temperature oxida-
tion resistance (e.g., toughness in a struc-
tural alloy or substrate compatibility in a
coating). The DR phase should be in
thermodynamic (or at least metastable)
equilibrium with the matrix alloy, able
to form a protective oxide more stable
than the oxides of the matrix alloy, and
be composed of base constituent(s) that
will not detrimentally interact with ei-
ther the matrix alloy or the protective
oxide that is formed. Key issues relate to
determining the volume fraction, par-
ticle size, and particle distribution
needed to promote the formation of the
DR-derived protective oxide without
adversely impacting the mechanical
properties of the matrix alloy.

In practice, while it would be desir-

able for the DR phase to dissolve under-
neath the growing scale to supply the
protective oxide forming element (i.e., a
classical reservoir effect, as illustrated in
Figure 3b), this has only been observed
in the special case where the external
oxygen partial pressure was too low for
the oxide of the matrix phase to be
stable.57 The more usual behavior is that
the DR phase accumulates at the alloy/
scale interface to form an inner layer that
initially slows the diffusion of oxygen
and/or the less protective oxide-form-
ing constituent elements of the matrix
alloy and then eventually forms a com-
plete barrier. This has been observed
when either the protective constituent
element of the DR phase is insoluble in
the oxide of the parent matrix alloy or
when the parent matrix alloy forms vola-
tile oxide species. For example, Stringer
et al.56 produced nickel and Ni-Si alloys
containing a dispersed reservoir of SiC
particles by attritor milling and extru-
sion. Oxidation of these alloys in air at
800°C to 1,100°C resulted in the eventual
formation of a continuous SiO2-rich layer
beneath a first-formed layer of NiO (Fig-
ure 5). The mode of development of this
layer appeared to involve agglomera-
tion of SiC particles as a result of forma-
tion of NiO, in which silicon and SiC
have no appreciable solubility and oxi-
dation of the individual SiC particles to
form SiO2. The rate of oxidation was
much higher than that expected for the
growth of a continuous SiO2 layer but
lower than that of pure nickel.

A more dramatic effect was found for
Si3N4 dispersed Mo-6Si.58,59 At tempera-
tures of 1,000–1,400°C, Mo-15Si3N4-6Si
formed a protective SiO2 layer following
a period of evaporative weight loss, pre-
sumably of MoO3 (Figure 6). Molybde-
num loss from the surface region re-
sulted in agglomeration of the DR Si3N4
particles, which eventually constituted
a barrier to molybdenum transport and
led to essentially protective behavior by
oxidation of the individual Si3N4 par-
ticles to form SiO2. The initial loss due to
the formation of volatile MoO3 was rela-
tively small at 1,000°C and 1,200°C, but
at 1,400°C (–220 mg/cm2) was equiva-
lent to a metal surface recession of ap-
proximately 0.22 mm. Obviously, there
are applications where this would not be
acceptable, but the potential of the DR
approach to promote protective oxide-
scale formation was demonstrated.

Elemental Alloying Additions to
Create a Reservoir Effect

The introduction of second phases via
elemental alloying additions has also
been observed to promote protective
oxide-scale formation. The best example
of this is the addition of chromium to Ti-
Al. The γ-TiAl phase is borderline rela-
tive to forming protective Al2O3 in pure
oxygen and is essentially incapable of

forming a protective Al2O3 scale in air, in
part due to interruption of Al2O3 conti-
nuity by titanium-rich nitride formation
at the alloy/scale interface.60 Perkins and
Meier61 discovered that the substitution
of a minimum of 8–10 at.% chromium
for titanium reduced the level of alumi-
num needed for protective Al2O3 scale
formation in air from 60–70 at.% alumi-
num to as little as 33 at.% aluminum.
This chromium effect did not result from
a secondary gettering mechanism, be-
cause chromium is not of intermediate
thermodynamic stability between alu-
minum and titanium relative to oxygen,
rather it is significantly more noble. In-
stead, the addition of sufficient chro-
mium to γ-TiAl introduces a second
phase, the Ti(Cr,Al)2 Laves phase, which
aided the ability to form a protective
Al2O3 scale in air (Figure 7).43,62,63

During the oxidation of two-phase γ +
Laves-phase alloys in air, the γ phase
acts as an aluminum reservoir, resulting
in buildup of the Laves phase at the
alloy/scale interface as aluminum is con-
sumed from the alloy to form Al2O3 (Fig-
ure 8). The Ti(Cr,Al)2 Laves phase is
borderline/capable (depending upon
composition) relative to the formation of
protective Al2O3 in air. In contrast, alu-
minum consumption during oxidation
of single-phase binary γ-TiAl alloys (of
equivalent aluminum content to the γ +
Laves-phase alloys) results in the forma-
tion of α2-Ti3Al and cubic Z/X phase
(approximate composition Ti-30Al-15O
at.%) at the alloy/scale interface (e.g.,
References 60 and 64). The α2-Ti3Al phase
(and likely the Z/X phase) is not capable
of protective Al2O3 scale formation in air
and has been postulated to contribute to
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Figure 11. A scanning electron microscopy
(backscatter mode) cross-section micrograph
of Nb-49Al-20Cr-1W-0.1Y (in at.%) after 100
one-hour cycles at 1,200°C in air.70

b 10 µm

the inability to establish continuous Al2O3
by leading to titanium-rich nitride for-
mation at the alloy/scale interface.64

Effectively, chromium acts to stabilize
and sustain Laves phase at the alloy/
scale interface, which allows the γ phase
to act as an aluminum reservoir, rather
than being depleted to form deleterious,
less oxidation-resistant phases such as
α2-Ti3Al. While a complete mechanistic
understanding of protective Al2O3 scale
formation by γ + Laves-phase Ti-Al-Cr
alloys has not yet been achieved,43,63,65–67

several unique characteristics of chro-
mium and the Ti-Al-Cr system appear to
contribute to producing this effect. First,
the greater nobility of chromium in form-
ing an oxide compared with aluminum
or titanium is postulated to contribute to
the tendency of the chromium-rich Laves
phase to enrich at the alloy/scale during
oxidation to the extent that the forma-
tion of α2-Ti3Al and cubic Z/X is pre-
vented. Second, the phase fields are ori-
ented such that, at equivalent overall
aluminum content, the γ phase in a given
two-phase γ + Laves-phase alloy has a
much higher aluminum content (and
Al/Ti activity ratio65) than the corre-
sponding single-phase, binary γ-TiAl
alloy.43 For example, in Ti-50Al-15Cr (in
at.%) the γ phase contains approximate-
ly 56 at.% aluminum and the Laves phase
40 at.% aluminum (Figure 7).

Based on these characteristics, a search
of Ti-Al-X systems was made in order to
identify element X additions that might
promote protective Al2O3 scale forma-
tion in Ti-Al based alloys in a similar
manner to chromium. Iron and copper
met these criteria, and the addition of
11 at.% iron for titanium in Ti-53Al68

(Figure 9) and the addition of 12 at.%
copper for titanium in Ti-50Al69 (Figure
10) were found to promote protective
Al2O3 scale formation. Although these
Ti-53Al-11Fe (in at.%) and Ti-50Al-12Cu
(in at.%) alloys were quite brittle and did
not exhibit protective Al2O3 scale forma-
tion over as wide a temperature/com-
position range as did the γ + Laves-
phase Ti-Al-Cr alloys, they illustrate the
potential for identifying new, oxidation-

resistant alloy systems. It is interesting
to note that Doychak and Hebsur70 re-
ported similar effects of chromium in
the Nb-Al-Cr system (Figure 11), which
indicates that such phenomena are not
limited to Ti-Al-X systems.

CONCLUSIONS

The microstructure-based approach to
multiphase alloy oxidation holds great
potential for both optimizing current
high-temperature structural alloys and
coatings and identifying novel new oxi-
dation-resistant alloy systems. In con-
trast to single-phase alloy oxidation, a
quantitative, theoretical understanding
of multiphase alloy oxidation is currently
lacking. This is due primarily to the com-
plexities associated with modeling mul-
ticomponent, multiphase alloy diffusion
and the lack of sufficient fundamental
thermodynamic and kinetic data. How-
ever, this lack of understanding does not
preclude phenomenological-based stud-
ies of the oxidation of multiphase alloys,
which, as shown in this overview, can
provide some qualitative guidance for
the design of more oxidation-resistant
alloys. Such studies, ideally combined
with development efforts devoted to
improved mechanical properties, offer a
promising route to the design of the next
generation of high-temperature struc-
tural alloys and coatings.
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