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Abstract

This paper reviews the deformation, fracture and alloy design of B2 iron aluminides based on FeAl. Moisture-induced
environmental embrittlement is shown to be a leading cause of low tensile ductility and brittle cleavage fracture of Fe-rich
FeAl alloys at ambient temperatures. With increasing Al concentration, two other factors, namely intrinsic grain-boundary
weakness and quenched-in vacancies become important in limiting the tensile ductility of FeAl alloys. FeAl alloys show a
yield-strength anomaly at intermediate temperatures. Recent work indicates that the anomaly is a result of hardening by
thermal vacancies at elevated temperatures. The understanding of the deformation and fracture behavior has led to the
development of FeAl-base alloys and composites with improved metallurgical and mechanical properties for structural
applications. These FeAl-based alloys can be prepared by melting and casting or by powder processing. The unique
combination of the excellent oxidation and carburization /sulfidation resistance coupled with relatively low material density
and good mechanical properties at room and elevated temperatures has sparked industrial interest in FeAl alloys and

composites for a number of applications. © 1998 Elsevier Science S.A. All rights reserved.
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1. Introduction

Iron aluminides based on Fe;Al and FeAl are of
interest for structural applications at elevated temper-
atures in hostile environments. This is because they
generally possess excellent oxidation and corrosion
resistance, relatively low density (as compared with Fe
and Ni-base alloys), and low material cost. For the
past 15 years or so, considerable effort has been
devoted to both understanding the brittle fracture
and deformation behavior, and the material process-
ing issues and alloy design of iron aluminide alloys
with improved mechanical and metallurgical proper-
ties for structural applications. The results of these
studies have been documented mainly in the proceed-
ings of a number of intermetallic symposia, including
MRS Symposia on High-Temperature Ordered In-
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termetallic Alloys [1], ASM /TMS Symposia on High
Temperature Aluminides and Intermetallics [2], TMS
Symposia on Structural Intermetallics [3], and Defor-
mation and Fracture of Ordered Intermetallic Mate-
rials [4]. Also, iron aluminides were the subject of
three recent topical conferences, namely: (1) Process-
ing, Properties and Applications of Iron Aluminides
organized by Schneibel and Crimp [5]; (2) Nickel and
Iron aluminides: Processing, Properties and Applica-
tions organized by Deevi et al. [6]; and (3) Iron
Aluminides: Alloy Design, Processing, Properties and
Applications organized by Deevi et al. [7]. Readers
are urged to refer to these proceedings volumes for
detailed information about iron aluminide alloys.
Two keynote papers were presented at the present
Symposium on Iron Aluminides: (1) Iron aluminides
— present status and future prospects by Stoloff; and
(2) Recent advances in B2 iron aluminide alloys:
deformation, fracture and alloy design by Liu et al. In
the first keynote paper, Stoloff summarizes the cur-
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rent status of our understanding of the mechanical
properties, alloy design, and processing of Fe;Al iron
aluminide alloys [8]. This second keynote paper fo-
cuses on the recent advances in B2 iron aluminides
based on FeAl. For the past decade, a great deal of
effort has been devoted to the studies of the mechani-
cal and metallurgical properties of FeAl alloys. Be-
cause of page limitations, this review on FeAl alloys is
focused only on recent progress on the deformation,
fracture and alloy design of FeAl alloys for structural
use.

2. Brittle fracture and low tensile ductility

Since the discovery of moisture-induced environ-
mental embrittlement in iron aluminides in 1989 [9],
extensive studies have been devoted to the under-
standing of brittle fracture and low tensile ductilities
of iron aluminides [10-16]. Recent studies indicate
that there are three major causes of the low tensile
ductility and brittle fracture of FeAl aluminides at
ambient temperatures: (1) environmental embrittle-
ment; (2) weak grain boundaries; and (3) vacancy
hardening and embrittlement. Environmental embrit-
tlement involving moisture in air is a major cause of
low tensile ductility of both Fe;Al and FeAl
aluminides [16]. Environmental embrittlement is the
only major cause for Fe;Al alloys, whereas grain
boundary weakness and vacancy hardening are two
more reasons for low tensile ductilities in FeAl alloys
with Al levels above 38 at.% [11,17]. When intergran-
ular fracture becomes a dominant fracture mode for
FeAl alloys, their tensile ductility at room tempera-
ture also depends on grain size, with better ductilities
for small-grained materials [18].

2.1. Environmental embrittlement

Fe; Al and FeAl alloys were considered to be intrin-
sically brittle at room temperature because of their
poor cleavage strength and difficulty in cross slip in
ordered lattices. In 1989, Liu et al. first reported that
FeAl alloys containing less than 40% Al are intrinsi-
cally quite ductile, and that the low tensile ductility
and cleavage fracture were caused mainly by environ-
mental embrittlement involving moisture in air [9].
The environmental effect is vividly demonstrated in
Fig. 1. An FeAl alloy (36.5% Al) showed brittle cleav-
age fracture and only 2.2% tensile elongation when
tested in air at room temperature. The same alloy
tested in a conventional vacuum had a ductility of
about 8%. Ultimately, the alloy exhibited a tensile
ductility as high as 18% when tested in a dry oxygen
environment. The same embrittlement effect was also
observed in single-crystal FeAl alloys [19,20].

Mechanistically, the environmental embrittlement
is explained by a chemical reaction involving the
interaction of Al atoms with moisture in air and the
generation of hydrogen [9,16]. The penetration of
atomic hydrogen at the crack tip results in hydrogen-
induced embrittlement in iron aluminides and other
intermetallic alloys. Systematic studies of the embrit-
tling effect as functions of test temperature, strain
rate, and shielding gas have indicated that the severity
of the embrittlement depends on two kinetic parame-
ters: the moisture /aluminide reaction kinetics and
the hydrogen diffusion rate in aluminides. The em-
brittlement can be substantially reduced by con-
trolling test environments, increasing strain rates and
using shielding gases [16,21-24]. As shown in Fig. 1,
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Fig. 1. Stress-strain behavior of Fe-36.5%Al at room temperature in various environments [9].
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the room-temperature tensile ductility increased from
2.2% in ambient air to 18% in dry oxygen.

The hydrogen-induced environmental emobrittle-
ment affects not only tensile ductility but also cleav-
age planes [19,20,25,26]. Table 1 summarizes the ef-
fect of Al concentration on cleavage fracture planes
of iron aluminides tested in different test environ-
ments at room temperature. This table shows that
FeAl aluminides fractured mainly by {100}-type cleav-
age when tested in moist air. With increasing Al
concentration from 35 to 50%, the cleavage fracture
gradually changed from {100} to {110} types in vac-
uum. These observations suggest that moisture-in-
duced hydrogen promotes {100} cleavage fracture in
FeAl alloys with high Al concentrations.

First-principles calculations were used to under-
stand the electron concentration and atomic bonding
in FeAl. The calculations by Fu and Painter [27]
showed that interstitial hydrogen absorbs electrons
from iron atoms and reduces the cleavage strength of
{100} planes by as much as 70%. This result is consis-
tent with the observed {100} cleavage when FeAl is
tested in moist air. Li and Liu [28] suggest that
interstitial hydrogen in FeAl alloys also promotes
crack nucleation on {100} planes. As schematically
shown in Fig. 2, the Cottrell mechanism is enhanced
by reducing the energy of a (010) dislocation in B2
alloys through the segregation of hydrogen atoms to
the dislocations. The {111) dislocations stabilized by
hydrogen can serve as crack nucleus for the {100}
cleavage fracture in FeAl alloys. The <010, disloca-
tions were observed in a FeAl alloy by Munroe and
Baker [29].

2.2. Grain-boundary weakness in FeAl alloys

As pointed out earlier, environmental embrittle-
ment is not the only reason for poor ductility and
brittle fracture in FeAl alloys. With increasing Al
concentration, another factor, namely intrinsic grain-
boundary weakness, becomes important in limiting
the tensile ductility of FeAl [11].

In order to understand the intrinsic grain-boundary
weakness of FeAl alloys, first let us examine the effect
of boron addition on tensile properties of FeAl (40%
Al). Boron is known to segregate to the grain boun-
daries of FeAl [10,11] and suppress intergranular frac-

Table 1
Effects of test environment and Al level on cleavage fracture plane
in FeAl alloys

Al concentration
(at. %)

Cleavage plane

Vacuum Air References
35 {100} + others {100} + others  [19]
40 {100} + others  More {100} [20,25]
50 {111} {100} [26]

ORNL-DWG 94-12244

{io} (1

{110}

(2)

foo} <L Lo <010+ o Cot0) (3)

L1
T 200100 (4)

Fig. 2. Cottrell mechanism enhanced by hydrogen segregation to a
{010 dislocation [28].

ture [10,11,30,31]. However, as shown in Table 2, the
addition of B increases ductility only modestly, from
1.2 to 4.3%. The reason is that the beneficial role of B
in FeAl is related mainly to the enhancement of
grain-boundary cohesion. But weak boundary cohe-
sion is not the only factor limiting the ductility of
FeAl; environmental embrittlement is another major
factor. Boron has little effect on suppressing environ-
mental embrittlement, which occurs transgranularly
in FeAl. This is unlike in Ni;Al where it occurs
intergranularly and B can therefore suppress it [32,33].
As a result, B is relatively ineffective in improving the
ductility of Fe-40Al. Both environmental embrittle-
ment and grain-boundary fracture need to be sup-
pressed, and when that is done (by testing the B-doped
alloy in oxygen), high ductilities approaching 17% are
obtained (Table 2).

In order to study the ‘intrinsic’ mechanical behavior
of FeAl, Cohron et al. [17] recently tested it in ultra-
high vacuum (i.e. in the absence of environmental
effects). Their results are summarized in Fig. 3. In

Table 2
Effect of test environment on the room-temperature tensile
properties of B-free and B-doped Fe-40Al [11]

Alloy Environment Ductility Yield Fracture
(%) strength mode
(MPa) FeAl
FeAl Air 1.2 390 GBF
FeAl Oxygen 3.2 402 GBF
FeAl +B Air 4.3 391 TF
FeAl +B Oxygen 16.8 392 TF

GBF, grain-boundary fracture; TF, transgranular fracture.
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Fig. 3. Tensile ductility and fracture behavior of B-free and B-doped FeAl alloys in ultrahigh vacuum [17].

ultrahigh vacuum, the intrinsic ductility of B-free FeAl
drops off precipitously as the Al concentration in-
creases beyond 37%. Additionally, the fracture mode
changes from transgranular to intergranular as the
ductility decreases. Together, these results confirm
our earlier suggestion [11], which was based on tests
conducted in oxygen, that the grain boundaries in
FeAl become intrinsically brittle as the Al concentra-
tion increases.

When B is added to FeAl, intergranular fracture is
suppressed and the composition of the ductile-brittle
transition is shifted to higher Al levels (Fig. 3). As
mentioned earlier, the beneficial effect of B stems
from its segregation to the grain boundaries where it
presumably enhances grain-boundary cohesion. How-
ever, with increasing Al concentration, B is less able
to suppress intergranular fracture in FeAl (Fig. 3). A
similar behavior was noted also in Ni; Al [34]. In that
case, however, B segregated less strongly to the grain
boundaries of NizAl as the Al concentration in-

creased. In FeAl, by contrast, the segregation of B is
essentially independent of Al concentration [17]. Ap-
parently, the grain boundaries in near-stoichiometric
FeAl become so weak that, even though B segregates
strongly, it is unable to strengthen them effectively.

2.3. Vacancy hardening and embrittlement

Thermal vacancies are easy to introduce in FeAl
alloys containing > 38% Al by fast cooling from heat
treatments at elevated temperatures [35-37]. A de-
tailed discussion of the thermal-vacancy hardening in
FeAl alloys will be given in Section 3.

Recently, Yang et al. [38] have demonstrated the
embrittling effect of thermal vacancies in FeAl alloys.
Table 3 shows the severe embrittlement of FeAl (40%
Al) by thermal vacancies introduced by fast cooling.
An increase in quenched-in thermal vacancies from
1.3x 1072 to 62 x 102 reduces the tensile ductility
in vacuum from 7.4 to 2.9% at room temperature. A
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Table 3
Effect of vacancy concentration on tensile properties of FeAl (40%
Al) at room temperature [38]

Vacancy Tensile Fracture
concentration elongation strength
(at.%) (%) (MPa)
Vacuum test

1.3x 1072 7.4 734
62 x 102 2.9 969
Alir test

1.3x 1072 0.7 420
62 x 1072 0.1 714

similar embrittling effect is also observed in air; how-
ever, the alloy showed much lower ductility in air
because of additional embrittlement imposed by mois-
ture in air. It is interesting to note that the thermal
vacancies in the FeAl alloy promote cleavage fracture
along {110} slip planes, as reported by Yang et al. [38].

3. Vacancy hardening and yield strength anomaly

In 1956, Westbrook [39] first indicated that the
defect hardening behavior was different in B2 alloys.
This is shown in Fig. 4, where the yield strength is
plotted as a function of Al concentration. NiAl and
CoAl alloys showed a minimum hardness at the stoi-
chiometric composition, whereas FeAl alloys exhib-
ited a steady increase in hardness with increasing Al
concentration across the stoichiometric composition.
This difference in the hardening behaviors was not
understood for more than three decades. In 1990
Nagpal and Baker [40] demonstrated that the unusual
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Vickers hardness (kg/sq. mm)
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at. % Al 50 55

Fig. 4. Vickers hardness of CoAl, FeAl and NiAl as a function of
composition [39].

hardening behavior is caused mainly by thermal va-
cancies that are easily introduced in FeAl alloys with
high Al concentrations. Their work stimulated great
interest in the study of thermal vacancies in FeAl
alloys.

Chang et al. [35] conducted a systematic study of
the effect of thermal vacancies on the microhardness
of FeAl alloys containing 40-51% Al. The thermal
vacancies were introduced by quenching the alloys
from different temperatures. Figures 5 and 6 summa-
rize the results of their studies. As shown in Fig. 5,
the room-temperature hardness of the alloys in-
creases with both the quenching temperature and Al
concentration. In order to correlate the hardness with
thermal vacancies, the vacancy concentration was es-
timated by a triple defect model developed by Neu-
mann and Chang [41,42]. As shown in Fig. 6, the
hardness is correlated well with the estimated vacancy
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Fig. 5. Room-temperature hardness of FeAl as a function of Al concentration in samples heat treated and quenched from high temperatures

[35].
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Fig. 7. Yield strength of B2 intermetallics as a function of composi-
tion [43].

concentration through the classic solute hardening
relationship, that is, the hardness is proportional to
(vacancy concentration)/2. This relationship provides
strong evidence that the increase in room-tempera-
ture hardness in FeAl alloys is due to quenched-
in thermal vacancies. By careful reduction of thermal
vacancies via low-temperature annealing, Baker [43]
demonstrated that the defect hardening behavior of
FeAl alloys was not different from other B2 in-
termetallics (Fig. 7). Note that the hardness minimum
for FeAl alloys is located at 45% Al, rather than 50%
Al commonly observed for other B2 alloys. This dif-
ference can be rationalized from the fact that ther-
mally-induced vacancies in FeAl alloys with more
than 45% Al are very difficult to anneal out even
after extensive annealing at a low temperature of
400°C [37,44]. The hardening due to retained vacan-
cies in high Al alloys shifts the hardness minimum
from 50% to = 45% Al in FeAl alloys (Fig. 7).

g. 6. Relationship between the microhardness and the square root of the vacancy concentration in FeAl alloys [35].

The yield strength of FeAl, instead of decreasing
with temperature, shows an anomalous increase at
intermediate temperatures (e.g. [36,45—48]). The yield
anomaly tends to be obscured, however, if the speci-
mens are not carefully annealed at low-enough tem-
peratures to eliminate quenched-in thermal vacancies
prior to the test [48]. As shown in Fig. 8, specimens
annealed at 700°C for 2 h (which contain quenched-in
vacancies) exhibit the conventional decrease in
strength with increasing temperature followed by a
plateau region and a further decrease in strength with
increasing temperature. In contrast, specimens given
a long-term vacancy-minimizing anneal (5 days at
400°C, bottom curve), clearly show the anomalous
increase in strength at intermediate temperatures.

Several early attempts to explain the source of the
yield anomaly in FeAl were unsuccessful, as detailed
by George and Baker [49,50]. Recently, Carleton et al.
[48] suggested that the yield strength anomaly in FeAl
may be the result of hardening by thermal vacancies.
George and Baker [49] then modeled the temperature
dependence of the yield strength of FeAl in terms of
solid-solution hardening by thermal vacancies at in-
termediate temperatures and vacancy-enhanced dislo-
cation creep at elevated temperatures. Their results
are shown in Fig. 9, where the circles represent exper-
imental data for Fe-40Al, the solid lines represent
best fits of the George—Baker model to the experi-
mental data, and the dotted lines the model’s predic-
tion for the change in yield strength (beyond the peak
temperature) with increasing strain rate. George and
Baker [49] showed that strength increases comparable
to those observed in the anomalous region (~ 80
MPa) are explainable with the vacancy concentrations
(~ 1074, [35]) present at the peak temperature. Also,
by fitting their model to the yield strength data, they



90 C.T. Liu et al. / Materials Science and Engineering A258 (1998) 84-98

600 . . I T T
Fe—43A1-0.12B
N
o 500 —
o
=
p—
I | N v'r Ta¥ DN,
I 400 4
O
z
[}
x
= 300t =
o
-
LJ 0-1373 K for 1.25 hr + 973 K
= 200 for 2 hr + 673 K for 120 hr -
A -1373 K for 1.25 he + 973 K
for 2 hr
100 1 1 1 1 1

0 200 400 600 800 1000 1200
TEMPERATURE (K)

Fig. 8. Effect of heat treatment on the temperature dependence of
the vyield strength of B-doped Fe-40Al [48]. Only well-annealed
samples containing low levels of residual vacancies exhibit the yield
anomaly; quenched-in vacancies obscure it.

obtained a value for the vacancy formation energy of
92 kJ/mol. This is remarkably close to the experi-
mental value for this parameter of 95 kJ/mol ob-
tained by positron annihilation [51], a result which
strongly supports the model. Similarly, the value of
the vacancy migration energy obtained from the
George—Baker model also agrees with that measured
by Wirschum et al. [51].

In the model, yield strength depends on strain rate
only above the peak temperature and not below [49].
A consequence of this is that the point of intersection
of these two regions shifts to higher (or lower) tem-
peratures as the strain rate increases (or decreases)
(Fig. 9). These implications have been confirmed ex-

400 | 10 s :l10-s_

Experimental 107%°
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/ Q
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Temperature (K)

Fig. 9. Temperature dependence of the yield strength of Fe-40Al
[49]. The circles represent experimental data, solid lines the
George—Baker model, and dotted lines the model’s prediction of
the strain rate dependence of yield strength.

perimentally in B-doped [49] and B-free [52] Fe-40Al:
in both, the yield stress in the anomalous region is
relatively insensitive to strain rate, but the peak tem-
perature and the peak stress depend on strain rate
(because of the strain-rate dependence of Region 1V,
Fig. 9). In fact, at low-enough strain rates, Region 1V
shifts so much to the left that the yield anomaly
almost completely disappears [52].

George et al. [53] corroborated the vacancy-harden-
ing mechanism by performing experiments in a Glee-
ble machine in which specimens can be rapidly heated
(up-quenched, at 300 K s™!) and cooled (down-
quenched, at 100 K s~1). Their procedure consisted of
taking well-annealed specimens of Fe-40Al (contain-
ing low vacancy concentrations), up-quenching them
to the peak temperature (T,), holding for various
lengths of time, and then tensile testing at a strain
rate of 2.4 X 1073 s~*. Their results are shown in Fig.
10. Since the generation of the equilibrium vacancy
concentration at T, is not instantaneous, the yield
strength after very short hold times (1 s) was found to
be comparable to that at room temperature. With
increasing hold time at T,, however, the yield stress
was found to increase progressively. Eventually, at
times of 30 min or longer, the yield strength became
independent of hold time because the vacancy con-
centration presumably reached the equilibrium value
in about half an hour. The quenching experiments
were performed without any tensile loads being im-
posed on the specimens. Tensile loading occurred
only after the quench was completed. The time re-
guired to reach 0.2% strain (at which the yield stresses
were measured) was ~ 0.8 s in all cases, which is
short compared to the hold times at which a change
in the yield strength was noted (30 s, 300 s, and 0.5 h).
Clearly, the changes in yield strength at T, are a
result of changes during the stress-free holding pe-
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Fig. 10. Yield strengths after various up-quenching and down-
quenching heat treatments in the Gleeble machine compared to
those measured in an Instron tensile test (solid curve) [53].
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riod, rather than during the tensile test. The simplest
explanation is that the vacancy concentration in-
creases with increasing hold-time, resulting in an in-
crease in the yield strength. Additionally, the time
constant of this increase in yield strength fits perfectly
with that for the diffusivity of vacancies obtained in
positron annihilation and internal friction measure-
ments [54].

Fig. 10 also shows results of down-quenching exper-
iments in which specimens were equilibrated at high
temperatures (1073 or 1173 K), cooled rapidly to T,
and immediately tensile tested. The yield strengths of
these specimens were found to be higher than those
of specimens slowly heated to T, from room tempera-
ture, consistent with the higher vacancy concentra-
tions in the down-quenched specimens. As pointed
out by George and Baker [50], this ‘path dependence’
of the yield strength at T, rules out dislocation-type
models for the strength anomaly (e.g. cross-slip pin-
ning, climb dissociation, or glide decomposition) be-
cause they would predict the same yield strength
regardless of the path taken to arrive at T,. The
vacancy mechanism, in contrast, depends sensitively
on thermal history, consistent with the effects shown
in Fig. 10.

4. Alloy design of FeAl alloys

The understanding of the deformation and fracture
behavior has led to the development of physical met-
allurgy principles for design of ductile and strong
FeAl alloys for structural use. The general principles
deduced from this understanding include the fol-
lowing:

1. controlling the Al level < 38%,
2. producing wrought /fibrous /elongated grain stru-
ctures,
3. refining grain size,
4. forming protective surface coating/layer (e.g. ox-
ide coating),
5. minimizing thermal vacancies by slow cooling from
> 400°C, and
6. adding beneficial alloying elements, including
e boron: to strengthen grain boundaries,
e carbon: to improve weldability and form car-
bides,
e Zr borides/carbides: to refine grain size and
retain fibrous grain structure, and
e Mo: to improve strength and creep resistance.

An example of substantial improvement of the duc-
tility of a FeAl alloy is shown in Table 4 [16]. The
refinement of grain size by adding 0.05 Zr and 0.24 B
increased the room-temperature ductility of FeAl
(35.8% Al from 2.2 to 10.7%. The addition of B also

Table 4
Influence of alloy addition and preoxidation on room-temperature
(RT) tensile ductility of FeAl alloys [16]

Alloy composition Elongation Strength (ksi)
(@t.%) (%) Yield Tensile
FeAl (35.8Al) 2.2 51.6 59.4
FeAl + 0.05Zr + 0.24B 10.7 48.2 109.6
FeAl + 0.05Zr + 0.24B 14.2 51.8 134.0

+ preoxidation®

4To form protective oxide scales at 700°C.

enhanced the grain-boundary cohesion and sup-
pressed intergranular fracture of the alloy. Usually,
preoxidation leads to a decrease in the ductility of
alloys. However, the formation of protective oxide
layers by preoxidation at 700°C alleviated moisture-in-
duced environmental embrittlement and further im-
proved the tensile ductility of the FeAl alloy from
10.7% to 14.2%, i.e. 33% increase in room tempera-
ture ductility.

The B2 FeAl alloys are generally more brittle at
room temperature and weaker at higher temperatures
than Fe,; Al alloys or iron-aluminides with even less Al
[54-56]. Therefore, FeAl alloys have not been as
much the subject of alloy development studies, until
recently [56—63]. Recently, FeAl alloys have been
found to have outstanding high-temperature oxidation
and corrosion resistance in various aggressive envi-
ronments, including resistance to carburization, sul-
fidation and molten carbonate salt attacks. Such cor-
rosion resistance based on their formation of adher-
ent, compact alumina scales, together with several
recent breakthroughs in alloying and/or processing
effects on mechanical properties [61-65], is driving a
serious alloy development effort on FeAl alloys at
Oak Ridge National Laboratory (ORNL), particularly
on cast FeAl alloys.

The Fe-(36-40)Al-0.2M0-0.05Zr-0.13C (at.%) al-
loys were originally developed as wrought material at
ORNL in the early 1990s. The Mo and Zr were added
for improved high-temperature strength and room-
temperature ductility [59], and C replaced B to pre-
vent hot-cracking and make these FeAl alloys more
weldable [67]. Micro-alloying additions of boron
(100-200 at. ppm) were found to dramatically im-
prove the weldability, and to improve the room-tem-
perature ductility and resistance to environmental
embrittlement (as measured by comparing tensile
ductility in air and in oxygen at room-temperature) of
wrought and cast 1 /M FeAl material [65,66]. In cast
FeAl alloys, ductility improved from 2 to 4-5% by B
modestly refining the grain size and changing the
fracture mode from intergranular to transgranular
quasi-cleavage [62]. Boron micro-alloying additions
were also found to significantly improve the high-tem-
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Fig. 11. Yield strength (YS) plotted as a function of temperature for FeAl alloys with the base composition or minor modifications of that
composition, in the cast (coarse grained) or hot-extruded P/M (very fine-grained) conditions. The properties of wrought and solution-an-
nealed (SA) type 316 and cast HU austenitic stainless steels and alloys are included for comparison [62].

perature yield strength (Fig. 11) and the creep-resis-
tance of these new FeAl alloys in the cast condition,
by promoting enhanced formation and stability of fine
ZrC precipitates [62]. These same micro-alloying ad-
ditions of B were found to dramatically improve the
Charpy-impact toughness of hot-extruded, fine-
grained FeAl from 25 to 65 J (Fig. 12). The improved
toughness also correlated with a change in the frac-
ture mode from intergranular to transgranular quasi-
cleavage [65]. Cast FeAl alloys with much coarser
grain sizes than the hot-extruded material (100—250
um or more compared to 35-50 wm) were still found
to have Charpy impact energies of about 15 J, and to
improve to as high as 30 J with additions of more Zr
and C in conjunction with B (Fig. 12) [65]. A second
generation of cast FeAl alloys with more Zr and C
also shows improved high-temperature yield strength
and creep-rupture resistance (Fig. 11) [62].

Probably the most dramatic improvement in room-
temperature ductility, toughness and fracture behav-
ior of FeAl alloys was found when P/M FeAl alloys
were produced by hot-extrusion at 950, 1000, and
1100°C to directly consolidate the powders [65]. Dra-
matic improvements in ductility (12-15% in air,
20-30% in oxygen) and strength (yield strength,
600-670 MPa) were found in P/M FeAl with ultra-
fine grain-sizes (3—4 um) produced by hot-extrusion
at 950-1000°C to recrystallize the material without

Fe-(36-38)Al-0.2M0-0.05Zr-0.13C (at.%)
Charpy Impact Energy (J), 22°C

120+ 0 Hot-Extruded
m Cast

100+

80+

607

40V

20+

0-
I'M M PM FeAl1 FeAl2
FeAl FeAl+B FeAl +B +B

Fig. 12. Charpy energies for tests in air at room-temperature of
ingot-metallurgy (I /M) FeAl hot-extruded at 900°C, with and with-
out microalloying additions of boron (35-50 um grain size), P/M
hot-extruded at 950°C (3 wm grain size), and cast FeAl alloys with
boron (FeAll) and other minor alloying additions (FeAl2) (100-250
mm grain size). Clearly, both minor alloying additions and mi-
crostructure affect impact energy, and all alloys have more than the
3-5 J impact energy shown for FeAl previously [62,64,65].

much subsequent grain growth (Fig. 13). These ultra-
fine grained P/M FeAl alloys exhibited ductile trans-
granular dimple fracture instead of the typical trans-
granular quasi-cleavage found at slightly larger grain
sizes (9 um) (Fig. 13). These strong and ductile P /M
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Fig. 13. SEM micrographs of electropolished TEM disks, showing differences in the grain size and remnant oxide structures from deformed
powder particles, and portions of tensile specimens fractured in oxygen at room-temperature of P/M FeAl alloys directly consolidated by
hot-extrusion at the temperatures indicated. Extrusion at 950 and 1000°C produces similar, very fine grained (3—4 um diameter) material that
fractures in a ductile manner, even in air. Extrusion at 1100°C produces a coarser grain size (9 wm) and more brittle fracture [64].

FeAl alloys also showed the highest Charpy impact
toughness values (up to 108 J, Fig. 12) ever found in
any FeAl alloy [65]. However, unlike the P/M FeAl
tensile specimens, there is a strong influence of the
microstructural texture created by the deformation of
the powder particles with thin oxide coatings during
hot-extrusion. These elliptical particles shear to de-
flect cracks during impact testing and create the
shear-lips observed on the macroscopic fracture sur-
face (Fig. 14). Extrusion at 1100°C in addition to
producing coarser grains also removes this remnant
particle oxide texture, resulting in more typical planar
fracture and lower toughness (Fig. 14).

Alloy development to improve the mechanical
properties of FeAl alloys processed by various meth-
ods continues. Ductile, finer-grained FeAl alloys with
8-10% or more room-temperature ductility are read-
ily weldable with no evidence of cold-cracking. Cast
FeAl alloys exhibit varying degrees of cold-cracking
after welding, but an alloy with about 4.5% ductility
in air was found not to cold-crack. It appears that the
best chances for further overall property improve-
ments in FeAl alloys will come from carefully con-
trolling micro-alloying additions together with the
processing-induced microstructure.

5. Material processing and structural applications

FeAl-based alloys, just like Fe;Al alloys, can be
prepared by conventional melting and casting tech-
niques or by powder processing. A number of papers

by Sikka, Deevi, and others [63,68—70] have been
focused on the processing of iron aluminide alloys.
Since iron aluminides readily absorb hydrogen in their
molten state and form hydrogen gas bubbles during
casting, it is important to remove rust scales from
charge materials prior to melting. Also, cover gases,
such as He and Ar, are required if iron aluminide
alloys are melted in moist air. FeAl alloys can be
fabricated by hot forging, rolling or extrusion. Be-
cause of their low ductility, FeAl alloys are generally
fabricated at about 100-300°C above the tempera-
tures used for Fe;Al alloys. For instance, cast FeAl
alloy ingots containing 35 to 40% Al can be fabricated
by hot forging at 1000-1200°C, followed by warm
rolling at 800-1000°C. In order to retain the heat
during hot working, cladding materials are often used
to wrap FeAl alloy for plate and sheet fabrication.
FeAl materials are successfully produced by powder
processing, using elemental Al and Fe powders or
alloy powders with and without ceramic additives
[63,65,69]. Alloy powders can be made in inert gas or
water coolant, and then consolidated by hot pressing
or hot extrusion. Maziasz et al. [65] found that the
microstructures and mechanical properties of FeAl
alloys were controlled by hot extrusion of water-cooled
alloy powders. Hot extrusion at 950-1000°C resulted
in fine grain structures, which showed excellent ten-
sile strength and ductility at room and elevated tem-
peratures. Hot extrusion at 1100°C, on the other
hand, produced a coarse grain structure, which exhib-
ited lower tensile ductility and fracture toughness at
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Fig. 14. Fracture of Charpy impact specimens of P/M FeAl consolidated by hot-extrusion at the different temperatures indicated, showing
the more ductile fracture associated with the fine-grained and longitudinally elongated remnant prior particle structure found parallel to the

extrusion direction [64].

room temperature. The powder products possess me-
chanical properties comparable to or, in some cases,
better than ingot products. Recently, Hajaligol et al.
[71] have demonstrated that strips of FeAl aluminides
can be commercially produced by an innovative
method. Alloy powder together with binder agents
were compacted by roll compaction, followed by sin-
tering, heavy cold rolling, and annealing to produce
fine and equiaxed grains with close to full density.
Mechanical tests indicate that FeAl alloy strips made
by this low-cost process have excellent properties at
room and elevated temperatures.

The exothermic reaction between Fe and Al has
been utilized in both melting and powder consolida-
tion. Using the heat released by the exothermic reac-
tion, Deevi and Sikka [64] have developed the Exo-
Melt™ process, which substantially shortens melt
times, saves energy required for melting, and reduces
processing cost. Joslin et al. [72,73] studied the effects
of powder particle size, alloy composition, and reac-
tion atmosphere on reaction synthesis of Fe;Al-FeAl
alloys. The reaction took place in both air and vac-
uum; however, significant amounts of porosity were
generated in synthesized products. Further studies are
required to reduce porosity and improve the mechani-
cal properties of reaction-synthesized FeAl product.

Iron aluminides are thermodynamically compatible

in contact with many ceramics. They are therefore a
suitable matrix for a wide variety of composites such
as FeAl/WC, FeAl /TiC, FeAl /TiB,, and FeAl /ZrB,
[74]. Composites with ceramic volume fractions up to
about 60% can be fabricated by liquid phase sintering
of a mixture of iron aluminide and ceramic powders
at about 1720 K in vacuum. Once the iron aluminide
starts to melt, it wets the ceramic particles, porosity is
eliminated by capillary action, and a dense composite
results. The mechanical strength of the composites
depends on the type of ceramic, on the ceramic
volume fraction, and on the size of the ceramic parti-
cles. For Fe-40 at.% Al containing 60 vol.% WC with
a particle size of 5-10 uwm, room temperature flexure
strengths approaching 1800 MPa and fracture tough-
ness on the order of 20 MPa m*/? have been observed
[75].

In the case of WC/Co hard metals, fully dense
composites with very high WC volume fractions (90
vol.% and above) can be achieved by liquid phase
sintering of mixtures of WC and Co powders. In iron
aluminide composites containing more than 60 vol.%
of ceramic particles, on the other hand, conventional
liquid phase sintering results in substantial porosity as
illustrated in Fig. 15a. One important reason for the
high porosity is the low solubility of carbides and
borides in liquid iron aluminide. While the solubility
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Fig. 15. Processing of Fe-40 at.% Al /80 vol.% TiC compositions by (a) liquid phase sintering of a mixture of FeAl and TiC powders and (b)

pressureless melt infiltration of TiC preforms by liquid FeAl [77].

of WC in liquid Co is 24 mol.% at 1500°C [76], the
solubilities of carbides and borides in liquid Fe-40
at.% are typically less than 2%. Another reason is
that iron aluminide powders tend to form aluminum
oxide which is not wetted by liquid iron aluminide.
Pressureless melt infiltration provides a convenient
solution to these difficulties [77-79]. For example,
iron aluminide pieces or powder are put on top of a
cold-pressed TiC coupon, which is then heated up in
vacuum. As the temperature increases, the TiC un-
dergoes initial-stage sintering. Once the temperature
is high enough to melt the iron aluminide, the iron
aluminide infiltrates into the remaining porosity in
the TiC preform. The melt infiltration process and
resulting microstructures are shown in Fig. 15b. Fully
dense composites containing 80 vol.% TiC can be
fabricated in this manner. Their mechanical proper-
ties are superior to those of their conventionally lig-
uid phase sintered counterparts.

As compared to WC/Co, iron aluminide compos-
ites are of interest because of low raw material costs,
low toxicity, the absence of ferromagnetism, and rela-
tively good oxidation and corrosion resistance [79]. As
will be shown below, they are also model systems for

Clesvage
Fracture

-

Ligament Thickness

Interfncinl
[ bonding

basic research aimed at a better understanding of the
deformation of iron aluminides. Unless iron
aluminides fracture along grain boundaries, they fail
by cleavage. In analogy to earlier work by Stroh as
well as Cottrell et al. [80] suggested that the cleavage
cracks in iron aluminides are nucleated by pile-ups of
dislocations against sessile dislocation reaction
products. The pile-ups need to have a minimum length
in order to generate the stresses needed for crack
nucleation. If an iron aluminide ligament in a com-
posite happens to be too thin to accommodate suffi-
ciently long dislocation pile-ups, cleavage cracks can-
not be nucleated. This is illustrated in Fig. 16, in
which the thinner of the two ligaments fractures in a
ductile manner. Assuming the ideal fracture strength
to be 1/10 of the elastic modulus E, the critical
pile-up length L is given by:

L=[b/G5m)I(E/c),

where b is the Burgers vector and o the tensile stress
acting on the ligament. With E =180 GPa, b =0.25
nm, and a ligament fracture stress of o= 500 MPa, L
is found to be on the order of 2 um. Consequently,

Ductile Failare

(Chisel Edpe)

/

Trace of
Macroscopic
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Fig. 16. Schematic of dislocation pile-ups in the FeAl ligaments in Fe-Al composites illustrating the ductile-brittle transition size [81].
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ligaments with thicknesses below this size are pre-
dicted to fracture in a ductile manner, while the
others tend to cleave [81]. The representative micro-
graphs and the statistical distribution of ductile liga-
ments shown in Fig. 17 are consistent with the calcu-
lated value for the critical ligament thickness. It is not
clear at the present time to what extent the observed
ductile-brittle size transition influences the fracture
toughness of iron aluminide composites. There is
however tentative evidence that humidity-induced
embrittlement is reduced in iron aluminide compos-
ites with sufficiently thin iron aluminide ligaments
[82]. One probable reason is that these thin ligaments
fracture predominantly in a ductile manner and are
therefore not likely to be sensitive to humidity-in-
duced embrittlement. Further alloy design of iron
aluminides should therefore take the ductile-brittle
size transition into account.

FeAl alloys based on Fe-(36—40)Al-0.2Mo0-0.05Zr-
0.1C-0.01B possess attractive properties for structural
applications in hostile environments at elevated tem-
peratures [61-65]. In comparison with Fe;Al alloys,
the FeAl alloys developed have better oxidation and
corrosion resistance and relatively lower material
density. The unique combination of the excellent re-
sistance to sulfidizing, carburizing, and oxidizing envi-
ronments at temperatures to 1200°C coupled with low
material density and good mechanical properties at
temperatures to 800°C has sparked industrial interest
in the FeAl alloys and composites for a number of
applications:

1. components for coal energy conversion systems
(gas—metal filters, cladding for boilers and heat
exchangers, etc.),

2. heating elements for various industrial systems,

3. structural components for industrial systems
operated in carburizing environments,

4. various food-industry parts (containing no haz-

C.T. Liu et al. / Materials Science and Engineering A258 (1998) 84-98

ardous materials such as Ni and Cr in stainless
steels),

5. die-and-tool components,

6. automotive parts: piston valves and rings, exhaust
manifolds, catalytic converter substrates, etc.,

7. rails for walking-beam furnaces, and

8. coating materials for improving corrosion resis-
tance.

At present, industries are at various stages of devel-
opment in the use of FeAl alloys for these applica-
tions. A detailed description of the technology devel-
opments is given in recent papers by Sikka and Deevi
[63,67,71,83].

6. Future research and development

In spite of the current effort on FeAl alloys, a
number of areas have been identified for future re-
search and development:

1. vacancy /dislocation interaction at ambient and
elevated temperatures,

2. study of vacancy clusters using positron annihila-
tion,

3. hydrogen solubility limit and diffusivity,

4. dislocation—dislocation interaction and slip mode
at elevated temperatures,

5. solute site occupation and solute hardening,

6. effect of minor elements on weldability and
hot /cold cracking,

7. innovative processing and reduction of manufac-
turing cost, and

8. generation of data base from large heats.
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