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Abstract

To investigate tensile mechanical behavior, tensile tests were conducted at room temperature and 1273 K on three-phase alloys
consisting of the E21 Co3AlC, B2 CoAl and (Co) primary solid solution. The alloy containing a large volume fraction of E21 phase

exhibits excellent ductility, exceeding 5% plastic strain at room temperature, while the alloy with a considerable amount of coarse
B2 phase particles shows zero ductility. In this study, microstructure control was used to improve the ambient temperature ductility
of the E21/B2/(Co) three-phase alloys. Hot forging and subsequent heat treatments were performed aiming at eliminating solidifi-
cation defects and minimizing the heterogeneity of the as-cast microstructure. These thermomechanical treatments together with

compositional control effectively improve the ductility of the E21/B2/(Co) three-phase alloys at ambient temperature and 1273 K.
# 2001 Elsevier Science Ltd. All rights reserved.
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1. Introduction

The technology to conserve fossil fuel and to mini-
mize the effect of burning of fossil fuels on the global
environment demands the development of heat resistant
alloys that can operate at higher temperatures for max-
imum efficiency. In view of this, a great deal of effort has
been devoted to developing new alloys based on inter-
metallic compounds for high temperature structural
applications. The important strategy of alloy design
based on intermetallic compounds involves not only
how to overcome the extreme brittleness of intermetallic
compounds but also how to achieve a good balance
between strength and ductility that conflict with each
other in most cases. From the viewpoint of plastic
deformability of intermetallic compounds, the crystal
structure should be as simple as possible to ensure suf-
ficient operative slip systems and small Burgers vectors.
A lot of intermetallic compounds have a simple crystal
structure based on bcc, fcc and hcp; however, the for-
mation of superlattice dislocations produces a large

excess energy involving dislocation self energy and the
anti-phase boundary energy associated with ordered
structures. In most cases, intermetallic compounds are
intrinsically brittle and limited plastic deformability can
be obtained from the modification of their metallurgical
and chemical properties of monolithic intermetallic com-
pounds. Conventional metallurgy tells us that ductilizing
is thought to be harder than strengthening materials.
Therefore, we should first accomplish enough ambient
temperature ductility prior to making a major effort on
improving material strength at elevated temperatures. One
of the methods to reduce the brittleness of intermetallic
compounds is to introduce multi-phases including ductile
disordered phase(s) [1,2]. The g/g0 microstructure is the
most successful example of multi-phase heat resistant
alloys commercially used. The L12 Ni3Al is a well-
known strengthener in Ni-base superalloys [3–6]. The g/
a2 lamellar microstructure of TiAl-based alloys is a
good example to show that improvement of strength
and ductility is possible through microstructure control
of the brittle phases L10 TiAl and D019 Ti3Al [7–9].

We have conducted a systematic investigation on the
design of heat resistant alloys based on the E21 Co3AlC
and B2 CoAl ordered phases with or without primary
solid solution (Co) in the Co–Al–C ternary system. A
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series of investigations on this alloy design was origin-
ally initiated from the study of B2/(Co) two-phase
alloys in the Co–Al binary system [10–13]. Our results
indicate that neither ambient temperature ductility nor
elevated temperature strength was sufficient in the B2/
(Co) two-phase alloys. The study was thus extended to
the Co–Al–Ni(-Ti) and Co–Al–C ternary alloy system.
The L12 type (Ni,Co)3(Al,(Ti)) is available in the former
system [12–14], and the E21 type Co3AlC co-exists with
B2 and (Co) in the latter system [13,15–19]. The ordered
crystal structures of E21 and L12 are quite similar to
each other as mentioned later.

The phase diagram information of the Co–Al–C
ternary system and microstructures of the alloys were
first reported by Huetter et al. to the authors’ best
knowledge [20,21]. Several isotherms, isopleths and the
reaction scheme of the Co–Al–C ternary system for the
Co-rich portion were evaluated and revised by the pre-
sent author as fundamental information of the phase
equilibria among the E21 Co3AlC, B2 CoAl and (Co) pri-
mary solid solution [13,17]. The isotherm of the Co–Al–C
ternary system for the Co corner at 1373 K is shown in
Fig. 1(a). The E21 Co3AlC phase yields, through the tern-
ary peritectic type invariant reaction, ‘‘liquid+C (gra-
phite)+B2 CoAl+E21 Co3AlC’’ at 1652 K [13,17].
Thus, the phase stability of the E21 Co3AlC phase is
almost the same as the L12 Ni3Al of which the peritectic
reaction temperature is 1658 K [22]. The E21 Co3AlC

single phase field seems to be situated at less carbon
content than the stoichiometric composition, 20 at.% C,
since the solubility of C is restricted by the excess energy
due to the interstitial elastic strain. Thus it is written in a
formula Co3AlCx, where x is less than 1 [17,20,21].
Hwang et al. has clarified by a transmission electron
microscopic (TEM) study that there exists extra long
range ordering of carbon atoms in the Co3AlCx phase,
by which x is evaluated as 0.5 [23,24]. Recently, Hosoda
et al. reported that the E21 (or L12) compound, T3AlC,
where T stands for the 3rd period of transition metals
(Cr, Mn, Fe, Co, Ni and Cu) may form a continuous
solid solution throughout these T–Al–C systems [25]. It
suggests that the design of alloys based on the E21 type
intermetallic compound can systematically be conducted
in a quite wide compositional range.

The E21 type ordered crystal structure is based on the
L12 structure. An interstitial element C is ordered at the
body center site, which is the octahedral interstitial site
facing all six Co atoms of the L12 structure, as shown in
Fig. 1(b). Since ‘‘the Co3Al phase’’ is absent in the Co–Al
binary system, the fcc-base E21 ordered structure is
thought to be stabilized by an interstitial element [26,27].
In other alloy systems, we can find a lot of examples
that the E21 phase is stabilized. The E21 Fe3AlC is
stable in the Fe–Al–C ternary system while the bcc-
based D03 Fe3Al exists in the Fe–Al binary system [28–
33]. The V3AuX (X=C, N, O) exists against compli-
cated fcc-base A15 V3Au [34,35] and Ti3AlC(N) against
hcp-base D019 [36,37].

It is well-known from the literature that Ni3Al and
other L12 compounds exhibit the anomalous positive
temperature dependence of strength, which can be an
advantage for elevated temperature strength [38–44].
The same positive temperature dependence of strength
observed in the L12 compounds is expected to appear in
the E21 compounds as well because of the crystal struc-
ture similarity. Interstitial elements may contribute an
additional strengthening effect at relatively low tem-
peratures. Hosoda et al. [15,16] and two of the present
authors [18,19] have investigated compressive mechan-
ical behavior of the Co–Al–C ternary multi-phase alloys
B2/E21/(Co). Compression tests conducted in a wide
temperature range between 77 and 1273 K revealed the
existence of a temperature region where a positive tem-
perature dependence of strength appears for some Co–
Al–C ternary alloys, though it is the result of the mixed
contribution of constituent phases. Hwang et al. deter-
mined the operative slip system in the E21 phase by
TEM work done on an E21/(Co) two-phase alloy
deformed in compression [23,24]. The slip plane is {111}
and Burgers vector b is <011> , all of which are the
same for L12 compounds such as Ni3Al [6,38–44].

The E21 Co3AlC phase would be an attractive
strengthener of a new class of Co-based heat resistant
alloys. The objective of the present work is to investigate

Fig. 1. Published phase diagram information: (a) the isotherm of the

Co-corner of the Co–Al–C ternary system at 1373 K evaluated by the

present authors [17], and (b) unit cells of the L12 and E21 crystal

structures.
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tensile mechanical properties of the Co–Al–C ternary
E21/B2/(Co) three-phase alloys, with the final goal to
evaluate the potential of these alloys for high temperature
structural application. Our interest is especially focused
on the ambient temperature ductility improvement by
means of the microstructure control. A specific heat
treatment combined with hot forging was proposed in this
work for the further improvement of ambient temperature
ductility of the Co–Al–C ternary E21/B2/(Co) three-phase
alloys through microstructural control and elimination of
solidification defects and heterogeneity of the as-cast
microstructure dominated by coarse dendrites.

2. Experimental procedures

The three-phase B2/E21/(Co) Co–Al–C ternary alloys
were prepared by arc-melting under an argon gas
atmosphere using raw materials with the highest purity
readily available. The chemical compositions of alloys in
Table 1 are represented on the isotherm at 1373 K of the
Co–Al–C ternary system in Fig. 1 [17]. We used the same
notation for the present alloys as used in our previous
papers [17,19]. Symbols with a dotted line represent
nominal compositions of the rest of the alloys prepared
in this series of work. Wet chemical analysis was per-
formed on alloy G. Annealing heat treatments were
conducted at 1373 K for 108 ks (30 h) under a flowing
argon gas atmosphere.

Tensile mechanical behavior was investigated on
the selective alloys B and G which exhibit excellent

compressive ductility showing virtually unlimited plastic
strain as we reported previously [19]. Tensile tests were
conducted at room temperature in air and at 1273 K in
vacuum (10�4 Pa) using an Instron-type universal
mechanical testing machine. The nominal initial strain rate
was 1.1 or 3.3�10�3 s�1. Tensile test specimens, having the
dimension shown in Fig. 2 were prepared by using an
electrically discharged cutting machine. Specimens were
mechanically polished and then electrically polished in a
10% perchloric acid–methanol solution to remove the
damaged surface layer prior to the tests. Microstructural
observations were performed by means of optical micro-
scopy (OM) and scanning electron microscopy (SEM).
Specimens for OM were chemically etched in aqua regia
after mechanical polishing. Fracture surfaces were
observed by SEM fractographs to characterize the frac-
ture manner of the alloys. In addition, the specimen sur-
face near the fracture section of alloy B was examined by
using SEM back scattered electron imaging (BEI) and
elements mapping using energy dispersive spectroscopy
(EDS) and wave-length dispersive spectroscopy (WDS).

We proposed a specific microstructural control for the
further improvement of ambient temperature ductility
and toughness of alloys B and G through hot forging
combined with heat treatments, aimed at eliminating
solidification defects and diminishing inhomogeneous
as-cast microstructures. The profile of the heat treat-
ment sequence taken in this work is shown in Fig. 3: hot
forging at 1373 K in air, then holding at 1473 K for 1.2
ks (20 min) under an argon gas flow, followed by oil
quenching, and finally holding at 1373 K for 86.4 ks (24
h) followed by air cooling in an argon gas atmosphere.

3. Results and discussion

3.1. Tensile properties of as-annealed B2/E21/(Co) alloys

3.1.1. Microstructural features
Typical optical micrographs of alloy B (70Co–20Al–

10C; nominal, at.%) and alloy G (68.75Co–24.23Al–

Table 1

Alloy compositions of alloys B and G

Alloys Compositions (at.%)

Co Al C

B 70.0 20.0 10.0

Ga 68.75 24.23 7.02

a Results of wet chemical analysis.

Fig. 2. The dimensions of a tensile test specimen in mm.
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7.02C; wet chemically analyzed, at.%) in the annealed
cast condition are presented in Fig. 4(a) and (b). They
have the three-phase microstructure consisting of B2
CoAl, E21 Co3AlC and primary solid solution (Co), in
which the B2 CoAl phase is seen in light gray contrast,
E21 Co3AlC phase in dark gray contrast, and (Co)
phase in white contrast. Note that the characterization
of the various kinds of microstructures is explained in
detail for the Co–Al–C ternary alloys, including alloys B
and G, in our previous papers [17]. Essentials of alloys
B and G are summarized as follows.

Alloys B and G have different microstructural fea-
tures as characterized by the volume fractions of con-
stituent phases as well as the solidification sequence,
though they have the matrix composed of an eutectic
microstructure of E21 and (Co) in common. The volume
fractions of constituent phases, B2:E21:(Co), is roughly
estimated as 6:52:42 in alloy B and 30:34:36 in alloy G.
The primary solidifying phase is E21 Co3AlC in alloy B
and B2 CoAl in alloy G. The morphology of E21

Co3AlC can be categorized in two distinctive config-
urations: one is coarse dendrites and the other is a part
of the eutectic product with (Co). Coarse E21 phase

dendrites dominate the microstructures of alloys B and G.
The distinctive feature of alloy G is the existence of the
primary solidifying coarse B2 phase dendrites and parti-
cles, which distinguishes it from alloy B. The micro-
structure of alloy B is differentiated by a substantial
amount of coarse E21 phase dendrites and the E21/(Co)
eutectic matrix. A very small volume fraction of B2
phase in fine particle sizes exists as well in alloy B.

3.1.2. Tensile properties
Tensile tests were conducted first at room temperature

on the selected B2/E21/(Co) three-phase alloys B and G,
which exhibited excellent compressive ductility showing
virtually unlimited plastic deformation at room tem-
perature and even at 77 K. Stress–strain curves obtained
from tensile tests are shown in Fig. 5 together with those
from the compression tests.

It is interesting to compare mechanical behaviors in
compression and in tension. Room temperature tensile
ductility is completely different in alloys B and G, even
though the excellent compressive ductility looks totally
the same in both alloys. It must be emphasized that the
alloy B exhibits good tensile ductility reaching over 5.2%

Fig. 3. A chart of the specific heat treatment sequence proposed in this work.

Fig. 4. Optical micrographs showing typical microstructures of as-annealed alloys: (a) alloy B and (b) alloy G.
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plastic strain at room temperature. Well-developed steps
on the surface of the tensile fractured specimen are clearly
visible even with a naked eye, indicating a substantial
amount of plastic deformation prior to fracture. Judging
from the microstructure, coarse E21 phase dendrites and
the E21/(Co) eutectic microstructure contribute to the
plastic deformation at room temperature. On the contrary,
alloy G fractures catastrophically in tension within elastic
region before the onset of yielding, despite its excellent
compressive ductility. It is predicted that coarse B2 phase
dendrites and particles would be the cause of zero ducti-
lity. The yield strength defined by 0.2% tensile flow stress
of alloy B is 463 MPa, which is comparable to that of the
compressive strength of 530 MPa. The tensile fracture
stress of alloy G in the elastic region is about 480 MPa,
almost half the value of the compressive 0.2% flow
stress, indicating high brittleness of alloy G.

A tensile test at 1273 K was conducted on alloy B, of
which the stress–strain curve is shown in Fig. 5. Alloy B
was found to be less ductile (3.2%) at 1273 K than at
room temperature. This unusual temperature dependence
of ductility is reproducible, and its cause is not well
understood at the present time. Solidification defects as
shown in Fig. 6(c) are expected to reduce tensile ductility
at 1273 K but can not explain the decrease in ductility
from room temperature to 1273 K. The tensile yield
strength at 1273 K is about 150 MPa, which is much lower
than that of 350 MPa reported previously in compression.

3.1.3. Fracture behavior
Fig. 6(a) and (b) shows typical SEM fractographs of

alloys B and G tested at room temperature. It is appar-
ent that the fracture takes place via an extremely brittle

manner in alloy G, while the ductile fracture surface of
alloy B indicates prominent plasticity of the alloy. In the
case of alloy G, relatively large facets with smooth sur-
faces seen in the fractograph are supposed to be solidi-
fication defects at B2 phase dendrites or/and E21 phase
dendrites. These defects induce phase separation and/or
severe cracking which lead to catastrophic failure.
Transgranular cleavage facets are also found in both
alloys B and G, and the facet size varies widely. On
comparison of the fractographs with the optical micro-
graphs in Fig. 4, these cleavage facets seem to coincide
with B2 phase dendrites.

As a further investigation to determine the fracture
manner in alloy B, sub-cracks near the fracture surface
were examined. A typical BEI taken from the vicinity of
the fracture surface of alloy B is shown in Fig. 7(a) with X-
ray mapping of alloying elements: Fig. 7(b) C, Fig. 7(c)
Co and Fig. 7(d) Al. Note that cracks are seen as bright
contrast in the carbon map in Fig. 7(b) because the
specimen was mounted in a material containing carbon
for electrical conductance. The WDS was used only for
mapping of a light-element carbon. In the X-ray map-
ping, each constituent phase is easily differentiated. The
B2 phase with a bright contrast can be easily dis-
tinguished from E21 phase especially in the aluminum
map in Fig. 7(d). Several cracks are found to propagate
through the B2 phase, and some of them go along its
phase boundary as well. The eutectic microstructure con-
sisting of E21/(Co) is supposed to provide considerable
ductility of these alloy.

We may learn about the micro-crack initiation in the
early stage of failure from a microstructure observation
in the vicinity of the fracture surface. Our study clearly

Fig. 5. Stress–strain curves obtained from tensile tests of as-annealed alloys B and G compared with those from compression tests.
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indicates that micro-cracks are always initiated at B2
particles due to the stress concentration, and then they
are propagating through these particles. Eventually
cracks would lead to a catastrophic failure by penetrating
through the entire cross section of the specimen. Thus,
the transgranular cleavage fracture at the E21 phase
would not occur until the catastrophic crack propagation
stage, i.e. the final stage of the failure. In other words,
microcracking tends to initiate at the B2 phase but not
take place at the E21 phase during the early stage of
plastic deformation.

3.2. The effect of hot-forging combined with heat
treatments

3.2.1. Microstructural modification
It is concluded from the previous section that solidifi-

cation defects and coarse B2 phase particles are the
cause of the limited ductility in the E21/B2/(Co) three-
phase alloys. Thus, this microstructural heterogeneity
has to be removed for the further improvement of
mechanical properties. We performed hot forging com-
bined with subsequent heat treatment on alloys B and G
to improve ambient temperature ductility and toughness
via microstructural control.

Modified microstructures are shown in Fig. 8(a)–(d).
On comparison of as-forged microstructures shown in

Fig. 8(a) for alloy B and Fig. 8(c) for alloy G with
annealed cast microstructures shown in Fig. 4(a) and (b),
the present hot forging condition, 50% reduction of
thickness at 1373 K, seems to be effective enough in elim-
inating both solidification defects and as-cast micro-
structures. Relatively high residual strain is anticipated in
the as-forged state. In fact, tensile tests conducted on as-
forged specimens have revealed that the room tempera-
ture ductility can not be improved in the as-forged con-
dition. This result indicates that a specific heat
treatment is necessary to relieve residual strains intro-
duced during hot forging. The microstructures of forged
alloys B and G after the subsequent heat treatments (see
Fig. 3) are shown in Fig. 8(b) and (d). As clearly seen in
these micrographs, hot-forging combined with the heat
treatments successfully diminishes the inhomogeneous
morphology in cast alloys B and G.

3.2.2. Tensile mechanical properties improvement
To evaluate the effect of the microstructural control on

the mechanical properties of alloys B and G, tensile tests
were conducted at room temperature and at 1273 K.
Stress–strain curves obtained from the tests are shown in
Fig. 9. The results of all tensile tests are also summarized
in Table 2 for as-annealed and modified alloys B and G,
where �0.2 is 0.2% tensile flow stress, �UTS ultimate
tensile strength, �f fracture stress, and "f fracture strain.

Fig. 6. Fractographs of as-annealed alloys: (a, c) alloy B, (b) alloy G, (a, b) at room temperature in air, and (c) at 1273 K in vacuum.

1074 Y. Kimura et al. / Intermetallics 9 (2001) 1069–1078



Hot forging combined with the specific heat treat-
ments apparently improves the ambient temperature
tensile ductility for both alloys B and G. The improve-
ment is remarkable in the case of alloy G. The yield
point is observed and 2.0% plastic deformation is
achieved at room temperature in modified alloy G,
while as-annealed cast alloy G fractures within the elas-
tic region. However, the 0.2% tensile flow stress is about
a half of that in compression, which indicates the duc-
tility of alloy G is not yet fully improved. In the case of
alloy B, good room temperature ductility (5.2%) is
achieved in the as-annealed cast condition; however,
modified alloy B exhibits further improvement in ducti-
lity reaching 8.6% strain after the microstructural con-
trol. Note that the stress-strain curve of modified alloy
B at room temperature shows serrated flow after yield-
ing. The serration is believed to be due to the propaga-
tion of Luders bands in well-annealed materials. Fig. 10
shows fractographs of modified alloys B and G tested at
room temperature. There is no appreciable difference
between the two fractographs, except large cleavage
fracture facets of B2 phase in the modified alloy G due
to its high volume fraction. No solidification defects are
detected in the modified alloys.

The 0.2% flow stress and ultimate tensile strength at
1273 K is distinctly lower than those at room tempera-
ture in both modified alloys B and G. Whether the yield
strength anomaly exists in tension is not confirmed by
the present work, though both alloys B and G exhibit a
positive temperature dependence of strength in com-
pression, and alloy B has a two-step anomaly, as reported
in the previous paper [19].

The temperature dependence of tensile ductility is
quite different in the modified alloys B and G. The
modified alloy B exhibits 7.5% plastic strain at 1273 K,
which is almost the same at room temperature, while
the modified alloy G shows much more ductility
(18.9%) at 1273 K than that (2.0%) at room tempera-
ture. This propensity can be rationalized from the
consideration of the volume fraction ratio of constituent
phases. At room temperature, the modified alloy G,
containing 30 vol.% B2, is much stronger but more
brittle than the modified alloy B, containing 6 vol.% B2.
The modified alloy G is more ductile at 1273 K, possibly
because the B2 phase imparts plastic deformability in
multi-phase alloys at elevated temperatures despite its
brittleness at room temperature as reported previously
[45].

Fig. 7. A back-scattered electron image and X-ray mapping of each constitutive element for the side view of as-annealed alloy B tested at room

temperature.
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3.3. Toughness considerations on multi-phase alloys

Generally, the plastic deformability of composite
materials containing both a ‘‘brittle hard’’ phase and a
‘‘ductile soft’’ phase exhibits different mechanical beha-

vior in compression and in tension [46,47]. In the case of
the compression test, the ‘‘ductile soft’’ phase would
compensate for the poor deformability of the ‘‘brittle
hard’’ phase by imparting a considerable amount of
plastic deformation. It enhances the overall apparent

Fig. 8. Optical micrographs of alloys that experienced microstructure control: (a, b) alloy B, (c, d) alloy G, (a, c) as-forged microstructures, and (b,

d) modified microstructures by hot-forging and subsequent heat treatment.

Fig. 9. Stress–strain curves of modified alloys B and G obtained from tensile tests at room temperature and at 1273 K.
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ductility of a material, and the ductility tends to be
overestimated in compression. On the other hand, in the
case of the tensile test, stress concentration occurs
immediately at the ‘‘brittle hard’’ phase, and this leads
to catastrophic failure such as cleavage fracture or
separation at interfaces or grain boundaries. The frac-
ture strength depends on the weakest point of a material
such as solidification defects. If the fracture strength is
lower than the yield strength, a material fractures before
the onset of plastic deformation even though the mate-
rial has a high plastic deformability in compression. As
a consequence, the ductility is underestimated in ten-
sion. In this sense, tensile tests conducted on materials
containing a ‘‘brittle hard’’ phase and/or solidification
defects measure the fracture toughness instead of tensile
mechanical behavior. This is the case of tensile test on
as-annealed alloy G in the present work. To evaluate
the potential of a material for structural applications at
elevated temperatures, both compressive and tensile
mechanical properties should be investigated over a
wide temperature range.

One of characteristic microstructural features of alloy
B is the absence of coarse B2 CoAl particles. This must be

a desirable microstructure for both room temperature
ductility and high temperature strength. Coarse dendritic
structures are unfavorable for ductility. Consequently, for
Co–Al–C ternary alloys with improved mechanical prop-
erties, finer and more homogeneous distribution of con-
stituent phases is required. For this purpose, specific heat
treatments combined with hot working promises an
advantageous microstructural control to achieve
improved mechanical properties of the alloys.

4. Conclusions

Mechanical properties of the E21/B2/(Co) three-phase
alloys have been investigated at room temperature and
1273 K in tension for the purpose of the evaluation of
their possibility as a new heat resistant structural material.
Tensile tests were conducted on the selected alloys
which showed excellent compressive room temperature
ductility in the previous work. Hot forging combined with
subsequent heat treatments has been used to improve
ambient temperature ductility through microstructural
control aimed at eliminating solidification defects and
heterogeneity of the as-cast microstructure. The follow-
ing conclusions are drawn from the present work.

1. Tensile tests on as-annealed cast alloys have
revealed that alloy B, with a volume fraction of more
than 50% E21 phase, exhibits a good room temperature
tensile ductility of 5.2% plastic strain, while alloy G,
with a volume fraction of about 30% B2 phase, shows
zero plastic deformability even though it possesses vir-
tually unlimited compressive ductility.

2. The microstructural modification achieved by hot
forging and subsequent specific heat treatments effec-
tively improves the ambient temperature ductility.
Modified alloy B shows a good ductility of 8.6% as
compared with 5.2% in the as-annealed cast condition.
It is noteworthy to mention that the modified alloy G
shows 2.0% plastic strain while the as-annealed cast
alloy fractures within the elastic region.

Fig. 10. Fractographs of modified alloys tested at room temperature: (a) alloy B, and (b) alloy G.

Table 2

Summary of tensile tests conducted on the E21/B2(Co) three-phase

alloys B and G

Alloy Temperature

(K) �0.2 (MPa)

�UTS

or sf (MPa)

"f

(%)

B R.T. 463 712 (�f) 5.2

1273 147 223 (�UTS) 3.2

Modified B R.T. 500 687(�f) 8.6

1273 241 278 (�UTS) 7.5

G R.T. – 469 (�f) 0

1273 NA NA NA

Modified G R.T. 566 668 (�f) 2.0

1273 236 253 (�UTS) 18.9
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3. The temperature dependence of ductility is quite
different for modified alloys B and G. Alloy B shows
good and comparable ductility at room temperature
and at 1273 K, while alloy G is much more ductile at
1273 K than at room temperature.

4. A good balance of ductility and strength achieved
in alloy B at room temperature and 1273 K indicates
that the E21 Co3AlC phase is an effective strengthener in
Co-based heat resistant alloys.
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