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Abstract—The solidification characteristics of theg phase from the liquid and the subsequent decomposition
of the g phase control the evolution of the microstructure in nickel–base superalloy welds. The precipitation
of theg� phase from theg phase during continuous cooling conditions (0.17–75 K s�1) from the solutionizing
temperature was characterized in a directionally solidified CM247DS alloy with thermomechanical simulator,
and by transmission electron microscopy, atom probe field ion microscopy and atom probe tomography. The
number density increased; size decreased and morphology of theg� precipitates changed with an increase in
cooling rate. Under rapid water-quenched conditions, complex partitioning of the alloying elements between
g andg� phases was observed. Atom probe tomography on samples subjected to slower cooling rates showed
different partitioning behavior compared to that of water-quenched samples and the presence of secondary
g� precipitates in the samples subjected to a cooling rate of 1 K s�1. Published by Elsevier Science Ltd on
behalf of Acta Materialia Inc.
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1. INTRODUCTION

There is a need to develop welding processes to join
directionally solidified (DS) and single crystal (SX)
nickel base superalloys for efficient reuse and recla-
mation of used and failed components [1]. Previous
work shows that it is possible to weld DS and SX
alloys using electron (EB) and laser beam (LB) weld-
ing processes. However, for successful crack-free
welds, both DS and SX alloys are welded either with
a high preheat temperature (�773 K) during electron
beam welding or with pulsed mode in laser beam
welding. A high preheat temperature leads to slow
cooling (�1 K s�1) from the melting temperature that
in turn leads to reduced stresses and thereby avoids
the formation of weld cracks. In contrast, pulsed
mode laser welding leads to low heat-input and there-
fore rapid cooling rates (�100 K s�1). Such large
variations in weld cooling rates influence the final
weld microstructure.

The microstructures in such welds were previously
characterized with transmission electron microscopy
(TEM) and atom probe field ion microscopy (APFIM)
in commercial single crystal nickel–base superalloys
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[2, 3]. These studies showed that the microstructure
obtained from an electron beam weld of a PWA-1480
alloy was similar to that of the base metal (see Fig.
1). The microstructure contained coarse eutecticg
and g�(L12-ordered) phases, and cuboidalg� precipi-
tates within thegmatrix. Atom probe analysis showed
the phase compositions were also similar to that of
base metal [2]. In pulsed laser welds made on CMSX-
4 alloys, the microstructure was different from that
of base metal. The weld metal did not contain the
eutectic g and g� microstructure but contained fine
(�50 nm) g� precipitates distributed within theg
phase. Atom probe analysis revealed that the charac-
teristics of elemental partitioning were different from
those of base metal [3]. In addition, concentration
profiles showed large diffusion profiles of Cr in the
g phase ahead of theg–g� interface. Such diffusion
profiles are expected to have a large influence on the
high-temperature properties. These results indicated
that there is a strong relationship between weld coo-
ling rate and the precipitation ofg� precipitates from
theg phase. However, it cannot be quantitatively ana-
lyzed, as it is difficult to accurately measure the weld
cooling rates in the EB and LB welding processes.
Moreover, the results were from two different alloy
compositions. The effects due to alloy composition
and cooling rate cannot be distinguished without mak-
ing some assumptions.
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Fig. 1. Transmission electron micrograph from the weld metal region of (a) PWA-1480 electron beam weld
and (b) CMSX-4 laser beam weld.

The precipitation of the g� phase from the g phase
has been previously studied in various Ni–base alloys
[4–12]. Some of this research considered the forma-
tion of g� precipitate during different cooling rates [8,
9, 12] and noticed an increase in the number density
and decrease in the size of the precipitates with
increased cooling rates. Mackay and Nathal [8]
cooled a Ni–Al–Mo–Ta alloy from the single-phase
g region using forced-air cooling and oil quenching.
The slow forced air-cooling led to formation of
coarser g� precipitates compared to those after oil
quenching [9]. The cooling rates were not quantified
and the details of the g� composition were not studied.
Jackson et al. [12] found that the size of the g� pre-
cipitates decreased from 72 to 37 nm as the cooling
rate increased from 0.08 to 0.33 K s�1 in a Ni–13.0
at.% Al alloy [12]. However, the cooling rates used
were slower than those of a typical weld.

Other research on g� phase precipitation from the
g phase focused on understanding the mechanism of
nucleation and growth in low-supersaturated Ni–Al
[4–6] and Ni–Cr–Al systems [11]. These researchers
showed that the initial decomposition occurs by
nucleation and growth and the subsequent growth
occurs by coarsening mechanisms. Wendt and Haasen
et al. stopped the decomposition of the g phase by
quenching. After quenching and isothermal aging at
high temperatures, they observed the early stages of
nucleation and growth and found that the g� precipi-
tates were close to equilibrium composition from
early stages [6]. Recent research by Schmuck et al.
[11] showed a similar mode of decomposition with
the use of three-dimensional atom probe in a Ni–Cr–
Al system. Both the alloys studied by Wendt and
Haasen [6] and Schmuck et al. had low supersatu-
ration of the g� forming elements, which allowed the
g phase to be retained at room temperature and the
subsequent isothermal transformation to be studied at
high-temperature. However, in commercial alloys,
the g phase cannot be retained to room temperature
due to the high concentrations of g� phase forming

elements such as Al and Ti. Using APFIM, Blavette
et al. [7, 10] showed that the decomposition of the
g phase in most commercial nickel base superalloys
could not be stopped due to the large driving force
for the precipitation of the g� phase. However, the
morphology of the g� precipitates that formed during
rapid cooling conditions was not studied. Early work
on the microstructure and precipitation sequences in
rapidly solidified nickel superalloys showed some
indications of phase separation without ordering [13].

Based on the previous work, the goals of this work
are as follows: (1) Study the precipitation kinetics in
CM247DS alloys at typical weld metal cooling rates
(0.17 to 75 Ks�1) and in the water-quenched con-
dition; (2) characterize the number density, size, and
morphology of the g� precipitates; (3) measure the
composition of these g� precipitates and the g matrix
using atom probe field ion microscopy and atom
probe tomography (APT); and (4) apply compu-
tational thermodynamics and kinetic calculations to
model the precipitation of the g� phase from the g
phase during continuous cooling conditions.

2. EXPERIMENTAL

The composition of the CM247DS alloy is given
in Table 1. In this investigation, rod samples (6.3-mm
diameter) were machined from the castings after a
standard heat treatment involving slow heating sol-
utionizing temperature (�1585 K) and isothermal
heat-treatment at 1413 K after a step cool to 1273
K. Controlled heat treatments were performed in a
Gleeble thermomechanical simulator. The samples
were solutionized at 1573 K (±10 K) for 5 min and
were cooled at different rates (0.17, 1, 10, and 75 K
s�1). The solutionizing temperature was based on the
g� solvus as measured by differential thermal analysis.
During these heat treatments, the diameter of the
samples was continuously monitored using dilato-
metric techniques. For comparison and evaluation, the
diameter change of a pure nickel sample was also



4151BABU et al.: MICROSTRUCTURE EVOLUTION IN A NICKEL BASE SUPERALLOY

Table 1. Composition of CM247DS alloy

Cr Co Al Ti Nb Mo Ta W C Ni

at. % 9.12 9.05 12.1 1.0 0.06 0.37 1.05 3.06 0.40 Balance
wt. % 8 9 5.5 0.8 0.1 0.6 3.2 9.5 0.08 Balance

measured under similar conditions. The measured
data from pure nickel samples were compared with
the published data [14]. The CM247DS samples were
also water quenched from 1573 K to investigate the
stability of g and g� phases during rapid cooling con-
ditions.

Microstructural analyses were performed by TEM,
APFIM [15] and atom probe tomography (APT) [16,
17]. Transmission electron microscopy was perfor-
med in a Philips-CM12 transmission electron micro-
scope. The APFIM and APT characterizations were
performed on as-received base metal, 1 K s�1, 75 K
s�1 and water-quenched samples. Field ion
microscopy was performed at 50–60 K with neon as
the imaging gas. The APFIM analyses were perfor-
med at 20% pulse fraction and a pulse repetition of
1500 Hz with a residual neon gas pressure of
3×10�7 Pa.

3. RESULTS

3.1. Dilatometry

The relative change in radius of the pure nickel rod
sample was monitored during cooling from 1573 K
at 10 and 75 K s�1. The coefficients of thermal expan-
sion calculated from these data were in agreement
with the published data [14, 18]. With the confidence
of measurement accuracy, the dilatation of CM247DS
samples was measured at different cooling rates (1,
10 and 75 K s�1) during cooling from 1573 K. The
relative changes in radius measured under these con-
ditions were compared with those of pure nickel
samples (Fig. 2). The relative changes in radius with
temperature for CM247 samples were different from

Fig. 2. Comparison of measured change in relative radius of
CM247DS alloy rod with temperature while cooling from sol-
utionizing temperature (1573 K) at three different cooling rates.
The measured relative radius changes were also compared with

that of pure nickel for similar cooling rates.

those of pure nickel samples. The samples cooled at
1 K s�1 and 10 K s�1 both showed an abrupt slope
change at �1433 K. The sample cooled at 10 K s�1

showed another slope change at �1333 K. However,
the sample cooled at 75 K s�1 did not show any
abrupt slope change and the data show a gradual
change with temperature. The above changes are
qualitatively attributed to the combined effect of
changes in volume fraction and differences in the
coefficient of thermal expansion of g and g� phases
that form during these cooling conditions. These
changes are specific to CM247DS alloys as supported
by the absence of such changes in the pure nickel
sample. Since the lattice parameters of the g and g�
phases in CM247DS alloy are not known as a func-
tion of temperature, the above data could not be con-
verted into real volume fraction and interpreted quan-
titatively.

3.2. Transmission electron microscopy

Transmission electron micrographs of heat-treated
samples are compared with as-received samples in
Fig. 3. All the micrographs were taken near to the
[0 0 1] zone axis, therefore, permitting a direct com-
parison of the g� precipitate size. The samples sub-
jected to cooling at a rate of 0.17 K s�1 [Fig. 3(b)]
consist of coarser cuboidal g� precipitates than in the
as-received condition. The morphology of these pre-
cipitates shows indication of coarsening. The samples
subjected to a cooling rate of 1 K s�1 [Fig. 3(c)]
showed cuboidal g� precipitates and some irregularly
shaped precipitates. In addition to the primary g� pre-
cipitates (�200 nm), there were some fine secondary
g� precipitates (�20 nm). These fine secondary pre-
cipitates are shown in Fig. 4(a). The sample subjected
to continuous cooling at 10 K s�1 [Fig. 3(d)] showed
finer g� precipitates. However, there were no second-
ary g� precipitates. The g� precipitate size decreased
[see Fig. 3(e)] and the number density increased at a
cooling rate of 75 K s�1. In addition, the morphology
of the g� precipitates tends to exhibit irregular instead
of cuboidal shape. In the water-quenched condition,
the number density of the g� precipitates increased
and their size decreased [see Fig. 3(f)] and their shape
became more spherical. The morphology of some g�
precipitates showed some interconnectivity as indi-
cated by arrows in Fig. 4(b). However, these images
could be artifact due to superimposed images of pre-
cipitates at different thickness. The number density
and size of the g� precipitates are quantified in Fig.
5. As the cooling rate increased from 0.17 to 75 K
s�1, the number density increased with a correspond-
ing decrease in the size. The difference in the number
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Fig. 3. Transmission electron micrographs ([0 0 1] zone axis) of (a) as received heat-treated CM247DS sample
and the alloy subjected to solutionizing at 1573 K for 5 min and cooled at different rates. Microstructures
obtained at (b) 0.17 K s�1; (c) 1 K s�1 (insert — diffraction pattern from the same sample), (d) 10 K s�1, (e)

75 K s�1, and (f) water-quenched condition.

Fig. 4. High-magnification transmission electron micrograph from the samples (a) subjected to 1 K s�1 showing
the presence of secondary g� precipitates (marked by an arrow) and (b) water-quenched condition showing

fine g� precipitates and complex morphology (shown by arrows) of the same.
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Fig. 5. The measured variation of number density and precipi-
tate size as a function of cooling rate.

density of the g� precipitates between the samples
cooled at 10 and 75 K s�1 was not large. However,
the number density of the g� precipitates increased by
an order of magnitude in the water-quenched sample
compared to that of samples cooled at 75 K s�1. To
evaluate this sudden increase in number density and
the complex shape of the g� precipitates, atom probe
field ion microscopy and atom probe tomography
were used to measure the fine scale partitioning
between the g and g� phase in the water-quenched
sample. These measurements were compared with
similar measurements from samples cooled at 75 K
s�1, 1 K s�1 and the base metal.

3.3. Atom probe field ion microscopy and atom
probe tomography

Atom probe concentration profiles from the water-
quenched sample are shown in Fig. 6. The profiles
show Cr-enriched g and Al-enriched g� phases. In
addition, Co was found to partition to g phase and Ta
to the g� phase. These results are in agreement with
expected partitioning trends. However, some interest-
ing observations were made with respect to partition-
ing of Ti, W and Co. A Co-enriched region was
detected within the g� phase. The partitioning charac-
teristics of Ti and W were complex. From previous
work [2, 3], it is expected that Ti would partition to
the g� phase and W to the g phase. The concentration
profiles indicated Ti and W enriched regions within
both the g and g� phases. The average composition
of g and g� phases from these concentration profiles
are tabulated in Table 2 and indicate that the partition-
ing of Al, Cr, Co and Ta between the g and g� phases
is significant, whereas the partitioning of Ti and W
was not significant.

Further analyses of water-quenched samples were
performed with APT to determine the partitioning
characteristics as well as the g� morphology. The Cr
atom map is shown in Fig. 7(a). The atom map shows
complex g� phase morphology with no regular
cuboidal or spherical morphology. Some of the g� pre-
cipitates had both flat and curved interfaces with the
g phase. The concentration profiles were measured
from a selected volume within the data as shown in
Fig. 7. The concentration profiles indicate Cr-

enriched g regions and Al-enriched g� regions. Similar
to one-dimensional APFIM results, the concentration
profile indicated complex partitioning of the other
alloying elements. Small Co-enriched regions were
observed within the g� phase and W and Ti did not
partition exclusively either to the g or g� phases. In
agreement with previous observations, Ta seems to
partition to the g� phase. An Al-enriched region was
also observed within the g phase. An important obser-
vation is that Cr and Co do not show any enrichment
near the g–g� interface. The average compositions of
the g and g� phases from the data shown in Figs 6
and 7 are summarized in Tables 2 and 3.

The composition of the g� phase measured from
APT is comparable to that measured from APFIM.
Both the techniques showed the partitioning of carbon
to the g� phase and the concentrations of other
elements were in agreement with each other within
the limits of error. However, the composition of the
g phase measured from APT was different from that
of APFIM. This is attributed to the uncertainty of the
APFIM analyses direction with respect to g and g�
interface. Due to the thin film like nature of g phase
in this sample, such errors are expected in one-dimen-
sional atom probe analysis. In APT analyses, the axis
of the selected volume was chosen to be perpendicu-
lar to the interface plane.

The morphology of the g phase in two regions A
and B shown in Fig. 7(a) was evaluated. The iso-con-
centration surface of Cr at region A shows that the
g phase is continuous along the neighboring g� pre-
cipitates. This indicates that the g� precipitates on
either side of the g phase in A are interconnected to
each other. This interconnected morphology supports
the suggested morphology based on observations in
the TEM. The concentration profiles in Fig. 7(b) did
not indicate any excessive enrichment of chromium
(maximum of 12 at.%) in this thin g phase. In con-
trast, the g phase in region B is continuous and the
g� phase on either side appears to be separate precipi-
tates.

Atom probe tomography results from samples that
were subjected to 75 K s�1 cooling rates are presented
in Fig. 8. The Cr atom map showed g� precipitates
distributed within the g phase. Similar to the water-
quenched samples, the morphology of the g� phase
was irregular, i.e., neither cuboidal nor spherical. The
concentration profiles [Fig. 8(b)] from a selected vol-
ume did not show any Co-enriched regions within the
g� phase. The partitioning characteristics of Cr, Al,
and Ta were similar to the expected behavior (see
Table 2). The partitioning tendency of Ti to the g�
phase was slightly evident. Similar to water-quenched
samples, W did not partition either to the g or g�
phases. The thin g region (�8 nm) was found to be
enriched in Cr (maximum of 36 at.%). This is more
evident in the Cr iso-concentration surface shown in
Fig. 8(c). The plots show that the g� precipitates are
well separated by g phase. In agreement with TEM
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Fig. 6. Atom probe concentration profile across g and g� phases in the CM247DS sample subjected to solutioniz-
ing and water-quenching treatment.

Table 2. Average composition (at.%) of the g phase measured by APFIM and APT. The balance of all compositions is nickel

Cr Co Al Ti Ta W C

g composition from waterquenched sample measured by APFIM
20.38±0.76 4.3±0.37 6.62±0.4 1.36±0.13 0.16±0.06 2.84±0.27 0
19.21±0.95 8.15±0.67 5.5±0.33 1.95±0.23 0.39±0.1 2.29±0.21 0
g composition from water quenched sample measured by APT
14.05±1.23 13.85±1.47 7.59±0.76 0.93±0.37 0.08±0.08 3.84±0.83 0.09±0.09
13.68±1.14 12.18±1.31 7.24±1.21 1.07±0.36 0 3.42±0.47 0
16.96±2.16 14.37±1.32 4.87±0.95 1.07±0.48 0 3.96±0.86 0
g composition from sample cooled at 75 K/s measured by APT
24.36±4.10 15.72±1.71 6.48±1.17 1.42±0.33 0.27±0.27 3.73±0.44 0
26.93±0.82 16.13±0.53 5.25±0.62 1.13±0.21 0 2.32±0.31 0
24.61±0.79 14.71±0.48 5.33±0.50 1.58±0.2 0.08±0.04 2.86±0.27 0
g composition from sample cooled at 1 K/s measured by APT
19.31±0.78 13.40±0.69 3.94±0.39 1.30±0.22 0.0 3.00±0.34 0
19.24±0.79 13.73±0.69 5.39±0.45 1.42±0.24 0.0 2.96±0.34 0
g composition from base metal sample measured by APT
21.85±0.43 16.02±0.38 3.58±0.19 1.36±0.12 0.01±0.01 3.34±0.19 0.06±0.03

observations, the APT results did not show any inter-
connected g� morphology.

A field ion microscopy (FIM) image of samples
subjected to 1 K s�1 cooling rate is shown in Fig. 9
and indicates the presence of primary g� precipitates,
g phase and also small secondary g� precipitates. The
morphology and composition of these phases were
characterized with APT. The Cr atom map from a
large data set with a primary g� precipitate, g phase
and secondary g� precipitate is shown in Fig. 10(a).
The average compositions of these phases are given

in Tables 2 and 3. The atom maps showed a small
Cr-enriched region in the g� phase [marked as “B” in
Fig. 10(a)]. The local composition of this region was
found to be Ni–15.16±0.55% Al (at.%)–6.01±0.36%
Cr–5.24±0.34% Co–3.04±0.26% W–3.70±0.29% Ti–
0.37±0.08 B–0.19±0.07% C–0.14±0.06 Ta. The mor-
phology from APT analysis indicated that these
regions may be segregated within the g� phase. A
selected volume (marked as “A”) was further ana-
lyzed to evaluate the morphology and the composition
of the secondary g� precipitates. Three-dimensional
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Fig. 7. (a) Chromium atom map obtained from APT analysis
from CM247DS sample in the water-quenched condition. (b)
Atom probe concentration profiles obtained from the selected
volume region shown in (a). 15 at.% Cr iso-concentration of
(c) region A and (d) region B showing the g phase morpho-

logies.

Table 3. Average composition (at.%) of the g� phase measured by APFIM and APT. The balance of all compositions is nickel

Cr Co Al Ti Ta W C

g� composition from water quenched sample measured by APFIM
4.31±0.32 2.89±0.31 19.02±0.6 0.96±0.12 0.0 2.87±0.26 0.15±0.05
3.69±0.18 4.09±0.2 18.52±0.31 1.35±0.09 0.73±0.07 1.91±0.09 0.04±0.01
g� composition from water quenched sample measured by APT
2.43±0.28 5.3±0.45 18.43±0.87 1.82±0.31 1.14±0.17 2.53±0.28 0.08±0.06
2.63±0.30 4.80±0.38 18.74±0.83 1.89±0.25 0.82±0.16 2.49±0.23 0.03±0.03
2.44±0.25 5.91±0.53 18.08±0.6 1.10±0.17 0.79±0.2 3.15±0.27 0.06±0.05
g� composition from sample cooled at 75 K/s measured by APT
2.93±0.46 4.92±0.67 18.25±0.92 1.31±0.25 2.51±0.32 3.09±0.4 0
4.29±0.35 6.42±0.48 19.08±0.64 1.47±0.2 2.5±0.24 1.93±0.23 0
3.59±0.28 6.62±0.43 18.43±0.61 1.80±0.23 1.80±0.23 2.79±0.25 0
4.06±0.35 6.21±0.30 17.59±0.55 2.00±0.22 1.92±0.16 2.18±0.30 0
Primary g� composition from sample cooled at 1 K/s measured by APT
2.85±0.17 5.46±0.23 17.28±0.38 1.43±0.16 0.14±0.04 3.42±0.18 0.02±0.01
2.82±0.17 5.57±0.23 17.15±0.38 1.39±0.12 0.26±0.05 3.53±0.19 0.01±0.01
2.98±0.25 5.92±0.35 17.48±0.56 1.14±0.16 0.09±0.04 3.82±0.28 0
2.93±0.13 6.10±0.19 16.90±0.25 1.52±0.09 1.55±0.09 2.55±0.12 0
Secondary g� composition from sample cooled at 1 K/s measured by APT
3.27±0.29 5.89±0.39 14.92±0.59 1.09±0.17 0.03±0.03 3.68±0.31 0
g� composition from base metal sample measured by APT
3.18±0.08 6.12±0.25 16.77±0.38 1.20±0.11 0.11±0.03 3.89±0.2 0.03±0.02
3.29±0.18 6.05±0.24 16.95±0.38 1.28±0.11 0.15±0.04 3.64±0.19 0.01±0.01
2.82±0.17 5.81±0.24 17.23±0.39 1.44±0.12 0.16±0.04 3.74±0.2 0.03±0.02
3.15±0.02 6.11±0.02 16.28±0.05 1.38±0.01 1.47±0.02 2.76±0.02 0

representation of the Cr atom map of region “A” is
shown in Fig. 10(b). The 15 at.% Cr iso-concentration
surfaces are shown in Fig. 10(c) and indicate that the
secondary g� precipitates are spherical or ellipsoidal
in nature. The sizes of these precipitates were smaller
than those observed in the water-quenched condition.
However, these precipitates were isolated and did not
show any interconnectivity. The concentration pro-
files across these precipitates are shown in Fig. 10(d).
The profiles indicate that the g phase in between two
secondary g� precipitates was highly enriched in Cr.
The average composition of the primary and second-
ary g� phases and the g phase are summarized in
Tables 2 and 3. The composition of primary and sec-
ondary g� precipitates appears to be similar, except
for reduced Al concentration in the secondary g� pre-
cipitates. The g composition from this sample was dif-
ferent from other samples. For example, the Cr con-
centration in the g phase was approximately �19 at.%
compared to that of �25 at.% in the sample cooled
at 75 K s�1. Similar to other samples, the partitioning
of Ti and W were not observed.

The APT results from the as-received base metal
sample are shown in Fig. 11. The Cr atom maps
showed the presence of g phase sandwiched between
two g� precipitates. As the size of the g� precipitates
is larger than the volume of analysis, the morphology
of the whole g� precipitate cannot be obtained. The
atom maps showed a small step (along the g–g� inter-
face marked by A and B) on the g� precipitates. The
origin of this step is not clear, however, similar step
like features are indeed observed in the transmission
electron microscopy [see Fig. 3(a)]. The concen-
tration profiles across the g and g� phases in the selec-
ted volume are shown in Fig. 11(b). The Co and Al
concentration profiles did not show any large concen-
tration gradients within the g� phase. However, the Cr
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Fig. 8. (a) Chromium atom map obtained from APT analysis
from CM247DS sample continuously cooled at 75 K s�1. The
concentration profiles were obtained from the selected volume
region shown in (b). (c) Morphology of the g and g� precipitates

analyzed with 15 at.% Cr iso-concentration surfaces.

concentration profiles indicated a very small concen-
tration gradient near the g–g� interface (marked as
AB). The compositions of the g and g� phases are
compared with other samples in Tables 2 and 3.
Again, Ti and W do not show any preferred partition-
ing between the g and g� phases.

4. DISCUSSION

The observed microstructural evolution can be
explained by nucleation and growth theories. The
observed increase in the number density for the g�
precipitates with the cooling rate suggests that the
decomposition of the g phase occurred under large
undercooling. Under large undercooling below the
equilibrium instability temperature, the driving force
for the nucleation of the g� phase is expected to

Fig. 9. FIM image from the CM247DS sample cooled at 1 K
s�1 showing the presence of primary and secondary g� precipi-
tates. The white arrows mark the two g/g� interphase bound-

aries.

increase rapidly, as a result, the nucleation rate of the
g� precipitate per unit volume will increase. The
results of the calculation of the driving force using a
commercial thermodynamic software [19] for a Ni–
12.1 at.% Al–9.05% Co–9.12% Cr system with a
thermodynamic database† [20] are shown in Fig. 12.
The calculations indicate a monotonic increase in the
driving force below the instability temperature of
1272 K. This increase in driving force should lead to
a continued increase in the nucleation rate of the g�
phase, provided there are no large changes in interfa-
cial surface energy (between the g and g� phases) and
elastic strain energy of the g� precipitates. The con-
tinued increase in nucleation rate should manifest
itself as an increased number density of g� precipi-
tates. This hypothesis is supported by the microstruc-
tural observation shown in Fig. 3. This result is also
in agreement with previous research [8, 9, 12].

An attempt was made to describe the nucleation
and growth of g� precipitates using available theoreti-
cal equations and computational tools for the above
Ni–Al–Cr–Co alloy. The homogenous nucleation rate
(Ivol) of the g� phase from the g phase was calcu-
lated from

Ivol � Aexp{
��G∗

kT
�exp{

�Q
kT

�, (1)

where A is a pre-exponential factor is assumed to be
1×1030, T is the temperature in kelvin, �G∗ is the

† Thermodynamic calculations could not consider all the
elements in this alloy system due to the limitations of the
thermodynamic database.
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Fig. 10. (a) Chromium atom map from the CM247DS sample
cooled at 1 K s�1 showing both coarse primary and fine second-
ary g� precipitates; the rectangular region marked “B” was
enriched in Cr; (b) three dimensional reconstruction of selected
volume marked “A” in (a); (c) 15 at.% Cr iso-concentration
surface showing the presence of secondary g� precipitates; (d)
concentration profiles from a selected volume shown in (b)
which intersects the secondary g� precipitates, g phase and pri-

mary g� precipitate.

activation energy for nucleation and Q is the acti-
vation energy for self-diffusion. The activation
energy for nucleation is calculated from

�G∗ �
16ps3

3[�Gvol��Gstrain]2 (2)

where �Gvol is the driving force for nucleation of g�
precipitates per unit volume, �Gstrain is the strain
energy per unit volume of g� precipitates and s is the
surface energy per unit volume (assumed to be 0.02
J m�2). The �Gstrain is calculated from the formulation
given by [11]:

�Gstrain � 3.8md2, (3)

where m is the shear modulus (1.2×1011 N m�2) and
d is the lattice misfit (0.07%). The activation for the
self-diffusion is related to the melting point of the
alloy as given by [21]

Fig. 11. (a) Chromium atom map from the CM247DS base
metal showing g� and g phases; (b) concentration profiles

obtained through the selected volume shown in (a).

Fig. 12. Variation of the calculated driving force (�G) for pre-
cipitation of g� phase from the g phase, the nucleation rate
(Ivol) of the g� phase, and the parabolic growth rate (a) of the
g� phase in a Ni–Al–Cr–Co system as a function of tempera-

ture.

Qmobility �
142.188Tmelting

6.023×1023 (4)

From the above relations, and the driving force for
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the g� phase [shown in Fig. 12(a)] the nucleation rate
of the g� phase as a function of temperature can be
calculated and the results are shown in Fig. 12(b).
Note that these calculations ignore the effect of capil-
larity. The results show that the nucleation rate
increases rapidly with large undercooling below the
equilibrium instability temperature. However, below
a certain temperature, the nucleation rate decreases
slightly due to the reduction in atomic mobility.

It is important to consider the growth of the g� pre-
cipitates to evaluate the overall transformation kin-
etics in these alloys. The growth rate calculations
were performed using commercial DicTra software
[22]. In this simulation, a g phase element of 1 µm
size is considered to avoid overlap of diffusion fields
and subsequent reduction in growth rate. Isothermal
growth of g� precipitates into the g phase at various
temperatures was simulated assuming one-dimen-
sional diffusion in the g phase. Since the calculations
cannot model diffusion in the g� phase, the diffusion
within the g� phase is ignored. Therefore, the growth
rate is essentially controlled by diffusion of Ni, Al,
Cr, and Co within the g phase. The effects of strain
and surface energy on the interface composition were
ignored. Initial simulation attempts led to some diffi-
culties due to the presence of steep concentration
gradients ahead of the g–g� interface within the g
phase. To alleviate this problem, the g� was allowed
to form as the g phase was cooled from instability
temperature to the isothermal aging temperature at a
cooling rate of 100 K s�1. This modification allowed
the concentration gradients to be modest and allowed
for successful calculation of growth rates of the g�
phase in the g matrix. The calculated rate of interface
movement is represented in the form of parabolic
thickening rate (a) in Fig. 12(c). The relation
between a and the thickness of the g� phase (q) and
the time spent (t) at the isothermal temperature is
given by:

q � at0.5 (5)

The results from Fig. 12 show that for large
undercooling, the nucleation of the g� phase can be
sustained, the growth rate of the g� phase will
decrease rapidly below 1150 K. Therefore, the kin-
etics will be retarded at large undercooling below
1000 K.

The calculated results also indicate that at slow
cooling rates, the nucleation rate will be sluggish and
most of the transformation will be controlled initially
by growth and subsequently by coarsening, therefore
large g� precipitates will be promoted. This is
observed in samples cooled at 0.17 K s�1. In the case
of samples cooled at a higher cooling rate, most of
the transformation will occur at a lower temperature
where both nucleation and growth rates are higher.
This condition will promote rapid transformation and
a fine number density of g� precipitates as seen in the
samples cooled at 10–75 K s�1.

In the samples cooled at 1 K s�1, a bimodal dual
size of g� precipitates was observed; large g� precipi-
tates and small secondary g� precipitates within the
g phase. At this slow cooling rate, a substantial
amount of the g� phase nuclei may form and grow.
However, the growth rate of these precipitates
reduces due to overlap of the diffusion field ahead of
the interface. This is a normal consequence of dif-
fusion controlled growth. This leads to an Al-depleted
region near the growing g� phase interface, and the
g phase region far from the interface may have the
bulk or slightly lower of the Al concentration. This
g phase region may nucleate more g� precipitates with
different compositions as the sample cools. These
modes of growth, however, need to reject Cr into the
g phase. Therefore, a highly Cr-enriched g phase is
expected near the secondary g� precipitates. The APT
results showed the Al-concentration of the secondary
g� precipitates was less than that of the primary g�
precipitates (see Table 3) and also the presence of Cr-
enriched g phase near the interface (see Fig. 10).
Further work is necessary to identify the temperature
at which the secondary g� precipitates form and grow,
through in-situ neutron and X-ray diffraction studies
[23].

The rapid increase in number density of g� precipi-
tates and the complex interconnected g� morphology
in the water-quenched condition could not be rational-
ized based on nucleation and growth mechanism. It
is possible to argue that the observed interconnectiv-
ity is due to the impingement of separately nucleated
g� precipitates. If that is the case, the g phase region
between these g� precipitates must be enriched in
elements such as Cr and Co due to diffusional field
overlaps. The concentration of the thin g phase
(�20 nm distance from the start) between the inter-
connected g� precipitates [see Figs 8(b) and 10(b)]
does not show such enrichments (�12 at.% Cr). How-
ever, samples cooled at a rate of 75 K s�1 and 1 K
s�1, exhibited enrichment up to 35 at.% Cr in the g
phase region between g� precipitates. Based on this
observation, it is concluded that the interconnected
g� morphology is not due to impingement of separ-
ately nucleated g� precipitates. Therefore, the origin
of interconnected g� morphology remains to be
explained.

Ordering and subsequent phase separation is one
of the mechanisms by which a g phase can decompose
into a mixture of g phase and L12-ordered g� precipi-
tates. Numerous treatments of such a mode of trans-
formation have been documented in the literature for
binary alloys [24–28]. From these works, four insta-
bilities govern overall transformation: phase separ-
ation of the g phase, ordering of the g phase, phase
separation of L12-ordered phase and disordering of
L12-ordered phase, as shown in a schematic diagram
for binary alloys in Fig. 13. Based on these theories,
at large undercoolings, the g phase can order
(congruently) without any compositional changes and
then undergo a phase separation through compo-
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Fig. 13. Schematic illustration of a hypothetical free energy-
composition diagram for a binary alloy that might undergo a
transformation through congruent ordering and subsequent

phase separation and instantaneous disordering.

sitional waves. Once the regions with lower ampli-
tude concentrations reach a minimum level, that
region can undergo instantaneous disordering. This
transformation path (I→II→III in Fig. 13) may allow
for complex interconnected g� precipitates. It is
important to note that congruent ordering is possible
at and below the T0 temperature (at this temperature
both the g and g� phases of a particular composition
have identical free energy) for the alloy composition.
Thermodynamic calculations showed that the T0 tem-
perature for Ni–12.1 at.% Al–9.05% Co–9.12% Cr
system is 1009 K (736°C). Surprisingly, the calcu-
lated diffusion controlled growth rates drop rapidly
near to this temperature (see Fig. 12). Therefore, if
the Ni–Al–Co–Cr alloy can be undercooled to such a
low temperature by rapid cooling, the congruent
ordering and phase separation can be initiated. How-
ever, if the undercooling is not so severe, nucleation
and growth will be the governing mechanisms.

This transformation sequence might have occurred
in the water-quenched samples, provided that such
undercooling was achieved. It is important to note
that congruent ordering necessitates only short-range
diffusion. However, phase separation necessitates
long range diffusion. The observed local compo-
sitional changes could be associated with this incom-
plete phase separation event. As the above theory
allows for homogeneous ordering and subsequent
phase separation, it does allow the precipitates to be
interconnected in space. It is important to note that
the schematic diagram shown in Fig. 13 is for a
binary alloy system and thermodynamic free energy
variation in a multicomponent system is expected to
be much more complex.

The consequence of the observed microstructural
development is significant. Previous researchers have
shown that the microstructure of nickel base superal-
loy controls the final high-temperature properties [8,
9]. The nonequilibrium composition of phases will
also control the lattice misfit between the g and g�
phases [2, 3] which, in turn, will control the tendency
for the formation of rafts during high-temperature ser-

vice [29]. Therefore, the results are relevant to the
high-temperature performance of welded SX and DS
nickel base superalloys used in the as-welded con-
ditions without any homogenization and heat-treat-
ments. Further work is necessary to understand the
stability of these microstructures under controlled
high temperature thermal cycles.

5. CONCLUSIONS

The precipitation of L12-ordered g� precipitates
from the g phase was investigated under continuous
cooling conditions that may be experienced in a typi-
cal welding process. The dilatation characteristics
were measured during such conditions and show dis-
tinctions between samples cooled at different rates.
The number density of g� precipitates increased, then
size decreased, and the morphology changed from
cuboidal to irregular shape as the cooling rate
increased. Under slow cooling conditions of 1 K s�1,
small (�20 nm) secondary g� precipitates were
observed, in addition to the coarse primary g� precipi-
tates. Under rapid water-quenched conditions, the g�
precipitate size (�50 nm) reduced significantly and
their morphologies were complex.

Atom probe analyses of water-quenched sample
indicated an interconnected g� phase morphology,
nonequilibrium partitioning of alloying elements
between the g and g� phases, i.e., Co-enriched regions
within the g� phase and Al-enriched regions within
the g phase. The measured composition of g phase
from this sample was different compared to slow
cooled samples. The compositional variation of the
primary g� precipitates from samples subjected to dif-
ferent cooling rate was small. The secondary g� pre-
cipitates that formed during slow cooling at 1 K s�1

had slightly lower Al concentration than those of the
primary g� precipitate.

The observed increase in the number density of the
g� precipitates with cooling rate was attributed to an
increase in driving force for the precipitation of the
g� phase from the g phase and through nucleation and
growth calculations. However, the rapid increase in
number density, localized enrichment of Co and the
complex morphology of the g� phase observed in
water-quenched samples is attributed to a congruent
ordering and phase separation mechanism.
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