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Abstract

The effects of displacement damage and trapped helium on deformation microstructures in AISI 316 LN austenitic
stainless steel were studied by applying a newly developed disk bend method to specimens irradiated with 360 keV He
ions at 200°C. Radiation damage microstructures consisted of an intimate mix of black dots, dislocation loops, and very
small helium filled cavities. In the unirradiated specimens, the deformation mode upon straining was planar glide with
cross-slip. With increasing dose, cross-slip was progressively restricted. Correspondingly, deformation microstructure
changed from dislocation network dominant to channeling dominant. The channel bands were composed of piled-up

dislocations, stacking faults, and twinned layers. Published by Elsevier Science B.V.

1. Introduction

Hardening by helium, and associated degradation of
mechanical properties, is one of the concerns for the
austenitic stainless steel to be used as the containment
shroud of the mercury target in the US Spallation
Neutron Source. In particular, our recent work showed
that He-induced hardening could exceed that produced
by Fe-induced displacement damage at high helium
levels (>1 at.%) [1]. Although such a high level of helium
accumulation is not expected during the service lifetime
of the target, it is still of genuine interest in under-
standing the potential impact of helium on mechanical
properties.

Even though the deformation of irradiated metals
has been studied since the 1960s [2-14], the nature of
deformation microstructures is not yet well understood.
In general, deformation microstructures of irradiated
and deformed austenitic steels have been characterized
by piled-up dislocations, stacking faults, twin bands,
and defect-reduced channels [8-16]. However, the rela-
tive preponderance of these defects was thought to vary
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with test temperature and/or strain rate. It was reported
for 5 MeV Ni-ion irradiated 304L austenitic stainless
steel that twinning was a dominant deformation mode at
low temperature (25°C) and/or moderate strain rate
(107%), whereas dislocation channeling became promi-
nent at higher temperature (>288°C) and/or lower strain
rate (107°) [10-12]. A similar observation was made for
304L austenitic stainless steel neutron irradiated at
277°C, in that twinning was dominant at room tem-
perature testing and defect-reduced channeling at 277°C
testing [15]. On the other hand, in other studies, twin-
ning was found at a test temperature as high as 450°C
for 304 austenitic stainless steel irradiated by neutrons
[8] and at 330°C for J316 austenitic stainless steel irra-
diated by neutrons [16]. In the former work [8], a
uniaxial tensile test at above 600°C produced homo-
geneously distributed network dislocations, indicating
that cross-slip and thermally activated processes were
dominant deformation modes at elevated temperatures.
In the latter work [16], dislocation channeling was also
observed in 330°C tests. Summarizing this information,
one could conclude that there exists an upper tempera-
ture limit above which planar glide is no longer sus-
tained due to thermally activated processes, but both
twinning and channeling are operating below that tem-
perature. In fact, the view that twin or channel forma-
tion is dependent on test temperature and/or strain rate
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can be misleading. In our recent work on stainless steel,
we found that the same deformation bands could be
imaged by transmission electron microscopy (TEM) as
either piled-up dislocations, twins, stacking faults, or
defect-reduced channels, simply by varying the imaging
condition [17,18]. It was demonstrated that all these
deformation microstructures were different manifesta-
tions of the same glide dislocations, which were sepa-
rated into Shockley partials.

With this new insight, deformation microstructures
of AISI 316 LN austenitic stainless steel were studied
after irradiation with 360 keV He-ions to various doses.
Tests were also conducted for specimens irradiated with
3500 keV Fe-ions only (without helium) to investigate
the role of helium on deformation. Deformation mi-
crostructures were produced by a recently developed
disk-bend method [19,20], and microstructural analyses
were conducted by TEM.

2. Experimental

The material used for this experiment was an AISI
316 LN stainless steel acquired from Jessop Steel
Company (Heat #18474). The steel was solution an-
nealed in vacuum for 30 min at 1050°C before irradia-
tion. The nominal composition of the alloy was, in
weight percent, 16.3 Cr, 10.2 Ni, 2.01 Mo, 1.75 Mn, 0.39
Si, 0.009 C, 0.11 N, 0.029 P with the balance Fe. The
specimens were in the form of 3 mm diameter disks, 0.25
mm thick, which were polished first mechanically and
subsequently electrochemically prior to irradiation. For
this study, specimens were irradiated at 200°C with 360
keV He" or 3500 keV Fe' ions using 2.5 and 5 MV Van
de Graaff accelerators. These ion energies produced
maximum helium deposition and displacement damage
at a depth of 750-850 nm according to calculations by
the computer code, Stopping and Range of Ions in
Matter (SRIM, 2000 version) [21]. The procedure for the
dpa calculation is described in [22,23].

Helium was deposited at a rate of 0.02 to 2 appm/s at
the peak, producing displacement damage at a rate of
2x 107% to 2 x 10~* dpa/s. Specimens were prepared
with helium concentration ranging from 2 appm
(2 x 107* at.%) to 200000 appm (20 at.%). The corre-
sponding displacement doses were from 107* to ~15
dpa. Irradiation was also carried out with 3500 keV Fe"
ions to 10 dpa at a rate of 2 to 3 x 10'® ions/m?/s
(~ 1 x 1073 dpa/s at the peak).

After irradiation, the specimens were deformed at
room temperature by bending them around the surface
of a 1 mm diameter tungsten carbide ball, which was
placed on the unirradiated side of the disks. About 10%
plastic strain was introduced at the irradiated surface for
all disk-bend tested specimens. In the deformation fix-
ture, the disks were clamped at the rim between two

mating screws with a center bore to accommodate the
ball and a push rod. A load of up to 30 N was applied to
the push rod with a Tinius Olsen testing machine, de-
forming the disk at a strain rate of approximately 102
per second. The displacements of the machine cross-
head and the deflection of the bottom of the disk,
measured by a linear variable differential transducer
(LVDT), were recorded during deformation. The plastic
thickness change was calculated after removing the load,
to eliminate the elastic component in specimen and fix-
ture. The surface strain of the irradiated side (&f) was
determined by the relation

& = 265 — ¢ (1)

where ¢/ is the average strain at the middle of the disk,
determined by the relation

& = In(t/1), (2)

with £ and ¢ being the thickness of the center region of
the disk before and after deformation, respectively. The
ball contact surface plastic strain (¢7) was determined by
the empirical formula

¢ =0.2(dy/D), 3)

derived by Tabor [24], where d, was the optically de-
termined indentation (plastic) diameter and D was the
ball diameter. Detailed procedure for this method and
analysis can be found in [19,20,25]. Eq. (1) assumes a
linear strain gradient through the thickness of the disk.
This assumption could be somewhat affected by the
discontinuity in hardness between the unirradiated bulk
and the irradiation hardened surface layer. However,
cross-sectional TEM shows no indication of cata-
strophic discontinuity in the applied strain at the inter-
face between the bulk and irradiated layer, as would be
evidenced by cracking or heavy dislocation pile-up.

After deformation, an ~700 nm thick surface layer
was removed electrochemically from the irradiated side
of the disks to expose the peak radiation damage region.
The specimens were then thinned from the unirradiated
side until perforation. In this way, ~100 nm thick TEM
foils were prepared for examination of the deformation
microstructure at an original depth between 700 and
800 nm. A philips CM12 electron microscope was used
at 120 keV operating voltage for examination of the
deformed microstructure.

3. Results

Before deformation, the microstructures of the
as-irradiated specimens consisted of small black dots
(vacancy and interstitial clusters), small faulted Frank
interstitial loops (Burgers vectors b = a/3(111)), some
unfaulted loops (b =a/2(110)), where a is the unit
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lattice parameter, and small helium bubbles. Helium
bubbles were too small to be seen at low doses (<1 at.%
He). Above 1 at.% He, discernible bubble features began
to appear. Although a precise measurement was not
possible at low doses, both defect cluster number density
and size increased with dose and saturated around 5
at.%. Above 20 at.% He, blistering and exfoliation oc-
curred. Detailed irradiation microstructures were re-
ported in a previous paper [26]. This paper describes
post-deformation microstructures for a set of specimens
irradiated in parallel with those prepared for that in-
vestigation of radiation-induced microstructures.

As an aid to understanding the deformation micro-
structures, recall that austenitic stainless steel has a face-
centered-cubic crystallographic arrangement of atoms
and a favored slip system of (110){111}.The fcc
structure consists of close packed {111} layers with a
stacking sequence .. . ABCABC.. ., where each atom in a
given {111} layer rests in the ‘valley’ between three
atoms in the adjacent {111} layer. As a dislocation
glides along a {111} plane, the atoms on one side of the
glide plane move by one Burgers vector relative to the
atoms on the other side; traveling to the next valley in
that direction as the dislocation passes through. A
Burgers vector of b = a/2(110) represents the minimum
dislocation glide that preserves the stacking order.
However, a dislocation motion of a/2(110) may be
achieved at lower energy by zigzagging in two (211)
directions. Thus, a perfect (110) dislocation splits into
two Shockley partial dislocations (e.g., a/2[110] =
a/6[121] +a/6[211]). These partial dislocations can
move independently. If a leading partial is gliding along
a {111} A-layer, as the partial move through, the atoms
on the other side of the glide plane shift with respect
to the A-layer by a Burgers vector b=a/6(211),
leaving behind a faulted stacking sequence of
...ABCACABC... The trailing partial restores the
normal stacking order as it passes through, with a net
slip of each atom above the glide plane of @/2 in the
(110) direction.

In simple systems, the separation between the leading
and trailing partials (i.e., the width of the stacking fault)
depends on the stacking fault energy. Many fcc metals,
such as copper and aluminum, have high stacking fault
energies, so the separation of the Shockley partials is
very small and not usually obvious in TEM except by
using careful weak-beam techniques [27,28]. In contrast,
stainless steel has a relatively low stacking fault energy,
giving rise to greater, more visible separation of the
partials. The width of these stacking faults can also be
affected by lattice defects, which can act to impede glide
of one or both of the partials. The presence of a stacking
fault limits cross-slip, because the fault must first be
forcibly constricted to restore the perfect dislocation
before cross-slip can occur. Thus, low stacking fault
energy is one reason why slip in stainless steel is more

planar than in copper or aluminum. Another explana-
tion may be the occurrence of short-range order in the
stainless steel [29].

In fcc crystals, the close-packed {111} glide planes
are also the coherent twin planes, and the stacking faults
that form between Shockley partials can be directly re-
lated to twin formation [17,18]. Consider the intrinsic
(missing B-layer) stacking fault created by the glide of a
leading partial on a {111} A-plane, ... ABCACABC.. .,
as described above. The layers A and C form two mirror
planes for what can be considered as two ‘one-layer
prototwins’ (i.e., CAC and ACA). Although these do
not satisfy the classic definition of a twin, in that they do
not extend over at least one full lattice parameter, they
are precursors of that condition and will produce twin
streaks in electron diffraction patterns. If a second
leading partial dislocation were to glide through on the
new C-layer, prior to the trailing partial associated with
the first leading partial moving through on the A-layer
to restore the stacking sequence, then an extrinsic (extra
C-layer) stacking fault ... ABCACBCA ... would result.
Here the mirror planes A and B have moved apart to
produce two ‘two-layer prototwins’ (i.e., BCACB and
ACBCA). This process can continue with successive
overlapping glide of leading partials, resulting in a
structure that meets the classic definition of a twin.
Because this twinning mechanism relies on the overlap-
ping of Shockley partials on successive {111} planes, it
becomes more evident under conditions that force dis-
locations to glide in narrower bands.

Both unirradiated and irradiated specimens were
deformed by up to 10% strain at room temperature us-
ing the disk-bend method. Deformed microstructures
consisted of a varying degree of network dislocations
and planar dislocation arrays, depending upon the
magnitude of the radiation dose. Fig. 1 shows glide
dislocations for the specimens irradiated to 20, 200 and
10000 appm helium and strained to 10%. In the figure,
the appearance of bounded stacking fault fringes indi-
cates that glide dislocations separated into Shockley
partials. The separation of Shockley partials became
increasingly conspicuous with increasing dose (i.e., in-
creasing concentration of radiation-induced defects such
as helium clusters, black dots, and Frank loops).

Fig. 2 illustrates the deformation microstructures of
unirradiated and irradiated specimens with helium levels
from 20 appm (0.0015 dpa) to 20 at.% (15 dpa). Uni-
rradiated or low dose irradiated microstructures were
characterized by random network dislocations, indicat-
ing that cross-slip occurred in the absence, or for a low
concentration, of radiation-induced defects. At 200
appm He, cross-slip was severely restricted and dislo-
cation glide was mostly planar. At 2000 appm He,
patches of stacking fault fringes became conspicuous on
the glide planes, indicating that some glide dislocations
were quite widely separated into Shockley partials. With
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Fig. 1. Glide dislocation microstructure of 316 LN austenitic stainless steel irradiated at 200°C with 360 keV He-ions to (a) 20 appm,
(b) 2000 appm, and (c) 10000 appm helium, and strained to 10% at room temperature by the disk-bend method. Stacking fault fringes

are bounded by two pairing partials as marked by the arrows.

increasing helium dose, the propensity for separated
partials increased and the faulted regions on adjacent
glide planes began to overlap forming complex twin
bands. Beyond 2 at.% He, very little cross-slip occurred
and very few dislocations were found in the matrix be-
tween twin bands. An important observation was that,
at low doses, deformation occurred uniformly through-
out the grain due to frequent cross-slip of dislocations.
With increasing dose, deformation was progressively
localized and cross-slip was discouraged.

During deformation, radiation-induced Frank in-
terstitial loops that were intersected by slip bands be-
came unfaulted, assisted by the stress field of piled-up
dislocations in the bands, and were subsequently
mostly cleared out of the deformation band, presum-
ably by prismatic glide. This reduction of radiation
defects within the bands was best seen when the twin
bands or the stacking fault fringe bands were imaged
edge-on. This is an imaging condition at which the
{111} glide planes containing the twin bands are
parallel to the beam direction and the images of
dislocations on those planes becomes weak or out of
contrast because of the satisfied g - b = 0 condition and
because the defects adjacent to the band do not overlap
with the channel band. Here, it should be pointed out
that Frank loops are not removed by successive slicing
of loops by glide dislocations, as has been suggested in
the past [14,30]. Slicing a loop produces jogs on the
loop and makes it more difficult to move [9,18]. For
this reason, there were always some persistent Frank
loops remaining in the channel bands. Thus, a termi-

nology ‘defect-reduced channel band’ is used here in-
stead of ‘defect-free channel band’.

As mentioned earlier, in the unirradiated condition,
deformation induced dislocations were distributed ho-
mogeneously and no banding occurred at 10% strain
level. It should be pointed out that channeling does
occur in unirradiated materials at high strain level once
dislocation networks are fully developed [17]. Fig. 3 il-
lustrates defect-reduced channel bands for the helium
concentration range from 0.2 at.% (0.15 dpa) to 20 at.%
(15 dpa). These channel bands are the deformation
stacking fault/twin bands viewed exactly edge-on. In this
mode they appear to be similar to the defect-free chan-
nels found in many strained metals after irradiation or
prior plastic deformation. At 0.2 at.% He, narrow
channel bands and some random glide dislocations were
developed. With increasing dose, cross-slip was sup-
pressed, progressively resulting in reduced network dis-
locations and increased channeling. Noteworthy
features of the channel bands were their narrow thick-
nesses and the short distances between them when
compared with dislocation channels observed in other
irradiated fcc metals. For example, in neutron-irradiated
copper [31,32] and gold [33] strained at room tempera-
ture, the channel widths are typically about 0.1 pm and
have spacings of 1 to 3 um. In copper, these values are
decreased by factors of only 2 or so by increases in fast
neutron fluence over a range of three orders of magni-
tude to 8 x 10** n/m> (~1.5 dpa), and by testing the
higher fluence specimens at a reduced temperature of
4 K. Testing at cryogenic temperature might be con-
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Fig. 2. Deformation microstructure for 316 LN austenitic stainless steel irradiated at 200°C with 360 keV He ions to various helium
levels and strained to 10% at room temperature by the disk-bend method.

sidered the equivalent of testing at higher doses. These parison. In the present work, the channel widths and
conditions are representative of copper irradiated to spacings are each a factor of 10 smaller than those ob-
displacement damage levels that overlap those in the served in copper. While there was considerable grain-

present work and are therefore appropriate for com- to-grain variation in channel characteristics, which made
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Fig. 3. Dose dependence of channel band formation for 316 LN austenitic stainless steel irradiated at 200°C with 360 keV He ions to
various helium levels and strained to 10% at room temperature by the disk-bend method.

precise measurements of the channels widths and fre-
quencies impossible, there was no doubt about the small
sizes (Fig. 3). From rough measurements we found that
the channel width (thickness when viewed edge on) av-
eraged about 7 nm at the lower doses of 0.2-0.5% He, to
about 10 nm at 10-20% He. At intermediate doses of 2—
5%, the average width was about 12 nm but the spread

of widths was larger, up to 70 nm. Many of the larger
channels contained discontinuous center strips of un-
identified microstructure. These strips suggest that the
wider channels were a result of the merger of adjacent
channel bands. The band spacing was of the order of 350
nm for the lower doses, 200 nm for intermediate doses,
and about 250 nm for the higher doses. The order of
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Fig. 4. Deformation microstructures strained to 10% at room temperature by the disk-bend method for 316 LN irradiated at 200°C to
(a) 10 dpa with 3500 keV Fe and (b) 1.5 dpa (2 at.% He) with 360 keV He.

magnitude difference in channel width and spacing,
compared to irradiated copper, is too large to be due to
differences in dose alone. They must be caused by in-
herent differences in deformation behavior between
copper and stainless steel.

An important observation in helium irradiated
stainless steel was that helium bubbles still remained in
the channel bands although a significant fraction of
Frank loops were cleared. In our recent work, a dra-
matic increase in hardness was observed in association
with bubble formation when helium was implanted be-
yond 1 at.% [1]. In an effort to understand the excessive
hardening by helium, deformation microstructure was
examined for a specimen irradiated to 10 dpa at 200°C
with 3500 keV Fe ions and strained to 10% at room
temperature by the disk-bend method. Fig. 4 compares
the deformation microstructures of 10 dpa Fe-ion irra-
diated and 1.5 dpa (2 at.% He) He-ion irradiated spec-
imens. The extent of twin band microstructures were
very similar for both specimens, even though displace-
ment damage by helium was several times lower, indi-
cating that helium bubbles had augmented the
hardening. However, the deformation microstructures
were still the same type whether helium was present or
not. Deformation mode was not changed by the pres-
ence of helium. The only observable difference was that

cross-slip was restricted at a lower displacement damage
level in the presence of helium.

4. Discussion

In the absence of radiation-induced defects, cross-slip
and tangling of dislocations occurred frequently.
Therefore, a blocky dislocation network characterized
the deformation microstructure of the unirradiated
specimen. With increasing helium and radiation-induced
defects (black dots and dislocation loops), cross-slip was
progressively suppressed because of the widening of
stacking faults. Both helium clusters and radiation-in-
duced defects have been found to restrict dislocation
motion [34].

Glide dislocations separated into more easily ob-
servable Shockley partials with increasing dose. Such a
trend was observed at a dose as low as 20 appm He
(0.0015 dpa), as black dots or small Frank interstitial
loops began to form. Analyses [17,18] revealed that a
direct interaction of a Frank loop with a leading
Shockley partial produces jogs and stair-rod partials on
the loop which in turn impede the motion of the trailing
partial by jog-pinning and stair-rod locking, enhancing
the spatial separation of the Shockley partials.
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As the concentration of defect clusters increases, the
spacing between dislocation barriers decreases and the
critical stress required for breakaway increases, although
it does not increase without bound. This increases the
yield strength, as observed in neutron irradiated 316 SS
[35] and 800 MeV proton-irradiated 304L SS [36]. The
dislocation is nominally straight under such conditions
and cross-slip is restricted. Deformation is concentrated
within narrow channel bands, resulting in reduced
elongation. In particular, during deformation, the
number density of Frank loops is reduced in the channel
bands and most dislocation glide occurs in these bands.
Thus, in a highly defected microstructure, most defor-
mation is localized in bands with the surrounding de-
fected region remaining undeformed. Such strain
localization leads to reduced elongation and ductility
loss. The primary defect clearing mechanisms are con-
sidered to be first a removal of the stacking fault in the
loop by the stress field of glide dislocations and sub-
sequent elimination of the loop by prismatic glide from
the slip band [18].

However, the channel bands in deformed austenitic
stainless steel are not devoid of microstructure. In ad-
dition to stacking faults and prototwins associated with
the Shockley partials, there is debris in the form of jogs
and stair-rod partials on Frank loops intersected by
glide dislocations [18]. Such jogged partials are less
mobile and remain in the bands, as observed in proton
irradiated austenitic stainless steel [9]. These persistent
loops impede dislocation motion continuously, sustain-
ing the stress until a failure occurs. Despite the presence
of these features, the bands can be imaged as defect-re-
duced channels by choosing an appropriate imaging
condition.

As briefly mentioned already, in our previous work,
it was found that when helium was implanted above 1
at.%, the helium-induced hardening exceeded that in-
duced by displacement damage alone, using 3500 keV
Fe' ions [1]. The hardening induced by helium tended to
saturate near 10 at.% He level (7.5 dpa) to a value twice
that produced by Fe-ion irradiation. Helium irradiation
produced Frank loops as well as helium bubbles. Since
helium bubbles are not removable defects, they remain
in the channel bands even after many passes by dislo-
cations. This is in contrast to the Frank loops, which are
partially removed from the channel bands. Thus, helium
bubbles not only impede the motion of dislocations in
the matrix at early stages of deformation but also im-
pede dislocation motion in the channel bands after
channeling begins, thereby increasing both the yield
strength and ultimate tensile strength. The additional
hardening is thus attributable to these persistent helium
bubbles. The microstructure depicted in Fig. 4 clearly
confirms such a trend, although a quantitative mea-
surement of such an effect could not be made from this
particular microstructure.

5. Conclusions

Deformation microstructures were investigated for
316 LN austenitic stainless steel irradiated at 200°C to
various doses with 360 keV He-ions and deformed to
10% strain at room temperature by a disk-bend method.
The results showed that, with increasing dose, the mode
of dislocation movement changed from planar glide with
some cross-slip to a more restricted planar glide, due to
pinning by helium bubbles and radiation-induced Frank
loops. In particular, glide dislocations were spatially
dissociated into distinct Shockley partials with increas-
ing number and size of the Frank loops. Since widely
separated partials cannot cross-slip easily, planar glide
was enhanced.

Experimental evidence indicated that the presence of
helium bubbles imposed an additional restriction on
dislocation motion not only in the matrix but also in the
channel bands, raising the hardness beyond the level
achievable by displacement damage alone. However,
since the effectiveness of helium pinning was observed at
a helium level above 1 at.% (or when helium clusters
assumed a well-defined bubble shape), it seems that
helium bubbles have to reach a certain size to exert an
appreciable barrier effect.
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