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Abstract—The deformation behavior of a bulk amorphous Zr–10Al–5Ti–17.9Cu–14.6Ni alloy was charac-
terized in the supercooled liquid region. The alloy was observed to exhibit Newtonian behavior at low strain
rates but to become non-Newtonian at high strain rates. Structures of the amorphous material, both before
and after deformation, were examined using X-ray diffraction and high-resolution electron microscopy.
Experimental results showed the presence of nanocrystallites in the deformed samples, suggesting that the
non-Newtonian behavior was associated with the concurrent crystallization of the amorphous structure during
deformation; that is, a mixed crystalline-plus-amorphous structure was being tested. A mechanistic model
based upon structural evolution has been developed to interpret the observed non-Newtonian behavior.
2001 Acta Materialia Inc. Published by Elsevier Science Ltd. All rights reserved.
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1. INTRODUCTION

Intensive efforts have been carried out over the past
decade to develop means to slow down the phase
transformation kinetics during the forming of metallic
glasses. As a result of these efforts, some bulk met-
allic glasses (BMGs) can now be fabricated from the
liquid state at cooling rates of about 1–10 K s�1,
which are close to those of conventional casting. This
enables the production of BMGs with a thickness
over 10 mm. While advances in amorphous metallic
alloy development have been impressive, they have
been made largely through empirical developments
[1].

Bulk amorphous alloys have many potential appli-
cations resulting from their unique properties, such as
superior strength and hardness [2, 3], excellent cor-
rosion resistance [4], shaping and forming in a vis-
cous state [5, 6], reduced sliding friction and
improved wear resistance [7], and low magnetic
energy loss [8]. These properties should lead to appli-
cations in the fields of near-shape fabrication by
injection molding and die casting, coatings, joining
and bonding, biomedical implants, soft magnets for
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low energy loss, and synthesis of nanocrystalline and
composite materials.

The mechanical behavior of BMGs can be classi-
fied by either inhomogeneous or homogeneous defor-
mation. Inhomogeneous deformation usually occurs
when a metallic glass is deformed at low temperatures
(e.g. room temperature) and is characterized by the
formation of localized shear bands, followed by rapid
propagation of these bands, and catastrophic fracture.
Consequently, when a metallic glass is deformed
under tension it exhibits only limited macroscopic
plasticity. Despite limited macroscopic plasticity,
local strain within these shear bands can sometimes
be quite significant. These bands are typically 20–30
nm in width and may be associated with deformation-
induced crystallization [9] and even local melting
[10]. Many different views exist on deformation
mechanisms of inhomogeneous deformation in met-
allic glasses, and there is still no universal agreement.

Homogeneous deformation in metallic glasses usu-
ally takes place at high temperatures (>0.70Tg, where
Tg is the glass transition temperature), and the
materials usually exhibit significant plasticity [11].
The transition temperature from the inhomogeneous
to homogeneous deformation (or brittle-to-ductile
transition) is strongly dependent upon strain rate. For
example, for the Zr65Al10Ni10Cu15 alloy, the transition
temperature is about 533 K (corresponding to 0.82
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Tg) at 5×10�4 s�1, but it is 652 K (corresponding to
1.0 Tg) at 5×10�2 s�1 [12]. This rate dependence at
the transition temperature suggests that homogeneous
deformation is associated with some diffusional relax-
ation processes (even below Tg).

There is a growing interest in studying the homo-
geneous deformation of BMG, especially in the
supercooled liquid region. This interest is, in part,
stimulated by the fact that metallic glasses have
excellent formability in this region, allowing net-
shape forming. Several recent papers have been dedi-
cated to the study of homogeneous deformation of
BMG and a summary of some of the key observations
is presented in Table 1.

Some of the papers in Table 1 are discussed here.
Kawamura et al. [12] studied the high-temperature
deformation of a Zr65Al10Ni10Cu15 metallic glass and
found that, in the supercooled liquid region, plastic
behavior was strongly dependent on strain rate. For
each testing temperature, true Newtonian behavior,
accompanied by high tensile elongations, was
observed only in the low strain rate region. At high
strain rates, the plastic flow became non-Newtonian,
i.e. m�1, in equation ė = Ksm, where m is the strain
rate sensitivity exponent, ė is the strain rate, s is the
flow stress, and K is a constant. The specific strain
rate at which the transition occurred depends upon
the testing temperature; specifically, the transition
takes place at increasingly high strain rates as the test-
ing temperature is reduced. The authors argued that
the non-Newtonian behavior is associated with stress
overshoot at high strain rate (or high stress), and that
the stress overshoot was caused by a change in atomic
mobility because of rapid deformation-induced
change of free volume. However, no experimental
evidence and, in particular, no structural information
were presented in the paper.

Another similar study on the plastic flow of an
amorphous Zr55Al10Ni5Cu30 alloy in the supercooled
liquid region also indicated a transition from Newton-
ian to non-Newtonian behavior as strain rate
increased [13]. In this case, the authors invoked the
absolute reaction rate theory [14] to explain the
observed increase in strain rate sensitivity with strain
rate. However, it is pointed out that this theory is
independent of the material structure; namely, it does
not include structure parameters.

In summary, the deformation behavior of BMGs in
the supercooled liquid region can be Newtonian vis-

Table 1. Summary of the deformation data of some metallic glasses in the supercooled liquid region

Alloys Tg/Tx, K Strain rate, s�1 m Elongation Ref.

Pd78.1Fe5.1Si16 668/683 �0.5 �1.0 N/A [28]
Co68Fe7Ni13Si7B5 836/856 10�2 N/A 180 [29]
Ni77.5Si7.5B15 N/A N/A 1.09 N/A [30]
La55Al25Ni20 480/520 10�4–100 1 1800 [31]
Zr65Al10Ni10Cu15 652/757 10�4–10�1 <0.8 340 [12]
Pd40Ni40P20 578/651 10�4–100 1.0 N/A [12]
Zr55Al10Ni5Cu30 685/763 <10�4 1.0 N/A [13]
Zr52.5Al10Ti5Cu17.9Ni14.6 631/729 10�2 �0.65 650 [32]

cous flow or non-Newtonian, depending upon testing
temperature and strain rate. Nonetheless, large tensile
ductilities are universally obtained in BMGs in the
supercooled liquid region. In this paper, we offer
another explanation for the observed non-Newtonian
behavior from a structural point of view.

2. EXPERIMENTS

The material used in the present study has a com-
position of Zr–10Al–5Ti–17.9Cu–14.6Ni. Zone-pur-
ified Zr bars (containing 12.3 appm O and 10 appm
Hf), together with pure metal elements, were used as
charge materials. The alloys were prepared by arc
melting in inert gas, followed by drop casting into Cu
molds of diameter 6.4 mm and length 7.2 cm. The
details of fabrication of the alloy have been described
previously [10]. The glass transition temperature and
the crystallization temperature (Tx) have been meas-
ured previously using differential scanning calor-
imetry (DSC) [15].

Tensile sheet specimens were fabricated from the
as-cast material by means of electrical discharge
machining. They had a gage length of 4.76 mm, a
thickness of 1.27 mm and a width of 1.59 mm. Ten-
sile tests were conducted using an Instron machine
equipped with an air furnace. To minimize crystalliz-
ation during testing, a fast heating rate was used.
Typically, the heating-plus-holding time prior to test-
ing was about 25 min. For example, for a test at
410°C at a constant strain rate of 10�2 s�1, the tem-
perature profile was: 305°C (5 min), 371°C (10 min),
397°C (15 min), 407°C (20 min), 410°C (23 min),
and 410°C (24 min). Constant strain rate tests were
performed with a computer-controlled machine
within a temperature range of 663–743 K at a con-
stant strain rate of 10�2 s�1. To measure strain rate
sensitivity exponents, both strain rate decrease and
strain rate increase tests were performed.

Samples tested in air in the supercooled liquid
region generally oxidized. To prevent sample oxi-
dation, some tests were also conducted in a quartz
tube, which was evacuated to a vacuum of 10�3 Pa.
A test sample was heated indirectly by a suscepter,
which was heated directly by induction heating. Two
thermocouples, one attached to the end and another
to the center of the tensile specimen, were used to
monitor testing temperature. In this case, constant
cross-head speed tests were performed at tempera-
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tures of 683–713 K (within the supercooled liquid
region) at strain rates of 10�2 and 10�3 s�1.

Microstructural evolution in the deformed speci-
mens was also examined using a high-resolution elec-
tron microscope (JEM-3000F model, operated at 300
kV). Areas near the grip and in the vicinity of the
fracture tip of the tested specimens were examined.
For the grip area, the sample was mechanically
thinned in water and then ion-milled using a liquid-
nitrogen specimen cooling stage. For the areas near
the tip of the fractured samples, on the other hand,
transmission electron microscopy (TEM) obser-
vations were carried out directly without additional
thinning.

3. MECHANICAL PROPERTIES

The stress–strain behavior of the Zr–10Al–5Ti–
17.9Cu–14.6Ni alloy at different temperatures at a
strain rate of 10�2 s�1 is shown in Fig. 1. A yield
drop (or stress overshoot) phenomenon is readily
observed at low temperatures, and in particular at 663
and 683 K. The yield drop is very dramatic. For
example, at 663 K the yield drop is 750 MPa (i.e.
from 1600 MPa to 850 MPa), which is about the same
magnitude as its flow strength (�850 MPa). The yield
drop phenomenon has also been reported previously
in Zr65Al10Ni10Cu15 [16] and Zr55Al10Ni5Cu30 [13] in
the supercooled liquid region. Chen et al. [17] argued
that the yield drop was a result of rapid increase in
free volume during high strain rate deformation.
Upon yielding, the excessive free volume quickly
redistributed via local atomic rearrangement and
results in the observed yield drop. Kawamura et al.
[16] demonstrated that the magnitude of yield drop
depends on testing temperature and strain rate. Since
the creation of excessive free volume and the sub-
sequent annihilation are kinetic processes, it is not
surprising that the yield drop is both temperature and
rate dependent.

The yield drop phenomenon is noted to disappear
at high temperatures (>683 K), as shown in Fig. 1.

Fig. 1. Stress–strain curves of Zr–10Al–5Ti–17.9Cu–14.6Ni
obtained at a strain rate of 10�2 s�1 and temperatures within
the supercooled liquid region. The yield drop phenomenon is

readily seen, especially at low temperatures.

At these temperatures, there is an initial hardening,
followed by a gradual decrease in flow stress until
final fracture. As shown in Fig. 1, the fracture strain
increases with increasing test temperature and reaches
a maximum value of about 2.0 (�650% elongation)
at 698 and 713 K. At 743 K, which is above the crys-
tallization temperature (729 K), the alloy becomes
completely brittle. It is noted that samples which were
deformed in the supercooled liquid region exhibit
gradual necking. In fact, some samples necked down
nearly to a point. The final decrease in flow stress is
not, therefore, a result of softening but of reduction
in load bearing area. This is in contrast to the previous
observation, in which uniform deformation was
observed in a Zr65Al10Ni10Cu15 metallic glass [18].
The difference may be caused by the fact that the
samples used in this study were very thin (0.5 mm).
As a result, the samples were deformed under a plane-
stress condition. In the case of testing a thick speci-
men, there is a stress distribution within the specimen,
even though it is under uniaxial tension. Since met-
allic glasses generally exhibit high strain rate sensi-
tivity in the supercooled liquid region, the defor-
mation rate would be relatively non-uniform in a
thick testing sample. This leads to preferential neck-
ing and thus reduced elongation. However, a thin test-
ing specimen is comparatively less susceptible to
stress/strain rate non-uniformity during deformation.

It is evident in Fig. 1 that both the flow stress and
fracture strain are extremely sensitive to the testing
temperature. For example, with only a 15 K differ-
ence in testing temperature, the flow stress drops from
700 MPa at 683 K to about 400 MPa at 698 K, but
the tensile elongation is almost tripled (230% to
630%). The flow stresses are noted to be relatively
high; for example, at even 713 K the flow stress is
about 200 MPa. This value is considerably higher
than the flow stresses generally measured in metals
or ceramics exhibiting superplasticity or extended
ductility [19]. Flow stresses for superplastic metals or
ceramics are typically lower than 35 MPa.

To characterize the deformation behavior, both
strain rate decrease (Fig. 2) and increase (Fig. 3) tests
were performed at 683 K. Several observations are
worth noting in Figs. 2 and 3. To minimize structural
instability, i.e. the occurrence of structural crystalliz-
ation, testing parameters were chosen so that tests
were conducted within the shortest time possible.
Therefore, a strain interval of 0.08 was chosen
between each strain rate change during the strain rate
decrease test (Fig. 2). Also, strain rates were carefully
chosen to avoid stress overshoot. Stress overshoot
does not take place at strain rates lower than 9×10�3

s�1, as shown in Fig. 2. Despite these precautions, it
is still pointed out that data at a plastic strain of over
0.8 are less reliable because of possible structural
changes in the testing sample as a result of prolonged
thermal exposure under stress. For example, the pecu-
liar increase in the flow stress (strain hardening) at a
relatively slow strain rate of 2.8×10�4 s�1 is revealed
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Fig. 2. Strain rate decrease tests on Zr–10Al–5Ti–17.9Cu–
14.6Ni performed at 683 K. A monotonic increase in flow
stress after the final rate reduction is caused by concurrent nan-

ocrystallization during testing.

Fig. 3. Strain rate increase tests on Zr–10Al–5Ti–17.9Cu–
14.6Ni performed at 683 K.

in Fig. 2. This is in fact associated with structural
change, as will be demonstrated in a subsequent sec-
tion.

For the strain rate increase test, the starting strain
rate was chosen to be sufficiently high to minimize
structural change, but not too high to result in a stress
overshoot. Despite these precautions, stress overshoot
was still observed at a strain rate of 10�2 s�1 (Fig.
3). However, we use the “steady state” value as the
flow stress for subsequent analysis.

Using data from both Figs 2 and 3, a logarithm
stress–logarithm strain rate plot is produced, as shown
in Fig. 4. The value of strain rate sensitivity m is
found to vary with strain rate. Specifically, the strain
rate decrease test produces an m value close to unity
in the low strain rate range (<10�3 s�1). However, it
decreases with increasing strain rate, and is much less
than unity in the high strain rate range (>10�3 s�1). In
comparison, the strain rate increase test yields slightly
higher flow stresses and m values. This may be
caused by a temperature drift in the test. As indicated
previously, the flow stress is extremely sensitive to
testing temperature. However, the m value, although
measured only from the high strain rate range, is

Fig. 4. Stress–strain rate relationship for Zr–10Al–5Ti–17.9Cu–
14.6Ni at 683 K. The strain rate sensitivity exponent, m, varies

with strain rate.

much less than unity, indicating non-Newtonian
behavior. In summary, both strain rate change tests
show that plastic flow is non-Newtonian in the high
strain rate range.

4. STRUCTURAL AND FRACTURE ANALYSES

In the present study, tensile tests were initially per-
formed in air which resulted in serious sample oxi-
dation [20]. This created some difficulties for struc-
tural analysis and sample preparation using X-ray and
TEM. For example, the presence of X-ray diffraction
peaks may be simply indicative of oxide formation.
To prepare clean samples for structural analyses, sev-
eral tensile tests were subsequently conducted in vac-
uum. Although it is known that the presence of oxy-
gen can have a detrimental effect on the
amorphization of a metallic glass [21], our test results
indicated that there was no significant difference
between data obtained in air or vacuum [22]. This
conclusion is consistent with the previous observation
of Liu et al. [10].

To further shed light on microstructural changes
during deformation, high-resolution electron
microscopy (HREM) was employed to examine
samples both before and after deformation. The
microstructure of the as-cast sample is shown in Fig.
5. It is essentially featureless, although some local
chemical ordering has been detected [23]. Upon ther-
mal exposure at 683 K, which is slightly above the
glass transition temperature, no microstructural
change was discernible. Specifically, no local nanoc-
rystalline region could be found. This is demonstrated
in Fig. 6, which is an image taken from the grip sec-
tion of a sample tested at the temperature. In the fig-
ure, a selected-area electron diffraction (SAED) pat-
tern is also included in the inset. The HREM image
and the SAED halo-pattern clearly indicate that the
microstructure remains amorphous after static
annealing at 683 K.

Nanocrystallization was observed to occur at the
region near the fracture tip of a sample tested at 683
K. A typical TEM image taken from the region is
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Fig. 5. Transmission electron micrograph showing the amorph-
ous nature of the alloy in the as-cast state.

Fig. 6. HREM image showing the structure from the grip region
of the amorphous Zr–10Al–5Ti–17.9Cu–14.6Ni sample

deformed at 683 K at a strain rate of 10�2 s�1.

shown in Fig. 7a. Figures 7b and 7c are HREM
images taken from the regions A and B in Fig. 7a,
respectively. The structure in Fig. 7a reveals two dif-
ferent morphologies. One morphology has an
amorphous-like matrix but contains areas with local
lattice fringes extending as small as 3 nm (Fig. 7b).
Another morphology is composed of an aggregate of
nanosized (�5–10 nm) crystallites. The sizes of these
crystallites are as small as 10 nm, similar to the size
estimated from an X-ray diffraction study reported
previously [22]. To investigate these crystallites,
SAED was performed. The patterns i, j, k, l in Fig.
8a are SAED from the encircled areas denoted i, j,

Fig. 7. (a) Typical TEM image from the fracture tip of the
amorphous Zr–10Al–5Ti–17.9Cu–14.6Ni sample deformed at
683 K at a strain rate of 10�2 s�1. (b) High magnification of
area A in (a) showing individual nanocrystals (�3 nm) dis-
persed in an amorphous matrix. (c) High magnification of area
B in (a) showing aggregates of nanocrystallites (�5–10 nm).

k, l in Fig. 7c, respectively, illustrating the mutual
orientations of these nanograins. The relative orien-
tations between these nanocrystallites are apparently
not low-angle. From the SAED patterns in Fig. 7c,
one can readily perform Fourier transformation for
crystal structure analysis (Fig. 8b). A set of Fourier
transformed patterns, as shown in Fig. 8c, can all be
indexed by the structures of Zr2Ni and Zr2Cu. This is
consistent with previous observations [15]. It is noted
that we also observed regions of fully amorphous
structure (without any local lattice fringes) immedi-
ately adjacent to the nanocrystalline regions. Figure
9 shows an HREM image of such a region with a
halo SAED pattern in the inset.

The microstructure from the grip region of the sam-
ple deformed at 713 K shows finely dispersed nanoc-
rystals dispersed in an amorphous matrix, as shown



2892 NIEH et al.: BULK METALLIC GLASS

Fig. 8. (a) SAED patterns from various regions in Fig. 7c; (b) Fourier transformed pattern deduced from
intensity and background profiles; (c) Fourier transformed pattern indexed by the structures of Zr2Ni and Zr2Cu.

in Fig. 10. In the figure, an SAED pattern consisting
of spotty diffraction rings with a diffuse background
from the amorphous matrix is also included in the
inset. The pattern indicates that the atomic planes in
the nanocrystals embedded in the amorphous matrix
are not greatly deformed. An HREM image of the
nanocrystalline structure from the thin region in Fig.
10 is shown in Fig. 11. The image shows regions with
clear lattice fringes in an amorphous matrix, which is
consistent with the SAED information.

It is well documented that the typical fracture sur-
faces of metallic glasses exhibit vein patterns at room
temperature, as a result of the sudden release of elas-
tic energy at fracture. Also, the material has no local
necking resistance. In contrast, in the supercooled
liquid region, a metallic glass shows strong resistance

to local necking, as a result of the high strain rate
sensitivity. The fracture surface of the sample tested
at 663 K and at a strain rate of 10�2 s�1 is shown in
Fig. 12. It appears that a vein pattern persists even at
663 K (above Tg). However, the vein pattern is quite
different from that observed at room temperature;
specifically, the ridges between voids are much higher
and there is no indication of melting droplets. Large
voids are also present. These voids develop under tri-
axial stresses prior to the final fracture of the sample.
As discussed previously, samples deformed in the
supercooled liquid region exhibit considerable neck-
ing. The reduction in area for the 663 K sample was
about 96%. At 683 K, the sample fractured nearly to
a chisel point (reduction in area = 99%). The fracture
surface (Fig. 13) in the 683 K sample reveals ductile
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Fig. 9. HREM image showing regions of fully amorphous
structure immediately adjacent to the nanocrystalline region.

Fig. 10. TEM image from the grip region of the Zr–10Al–5Ti–
17.9Cu–14.6Ni sample deformed at 713 K at a strain rate of

10�2 s�1 showing the occurrence of nanocrystallization.

dimples and there is no indication of a vein pattern.
The brittle-to-ductile transition from inhomogeneous
to homogeneous deformation is clearly revealed by
the fracture surface appearance.

5. DISCUSSION

The present study shows that the observed non-
Newtonian behavior in the Zr–10Al–5Ti–17.9Cu–
14.6Ni alloy at high strain rates is attributable to con-
current nanocrystallization during deformation. On
the other hand, other studies [12, 17] suggested that
the non-Newtonian behavior was associated with
stress overshoot at high strain rate (or high stress),
and the stress overshoot was caused by a change in

Fig. 11. HREM image from the thin region in Fig. 9.

Fig. 12. Fracture surface of the sample tested at 663 K and at
a strain rate of 10�2 s�1.

atomic mobility due to rapid deformation-induced
change of free volume. It is noted that both nanocrys-
tallization and free volume creation are kinetic pro-
cesses, which are temperature and strain rate depen-
dent. Therefore, it is not surprising to observe the
presence of both Newtonian and non-Newtonian
flows in the same materials but at different tempera-
ture and strain rate regimes. The present study, as
well as others [12, 13], indicates that a high strain
rate and low temperature (i.e. near the glass transition
temperature) condition favors non-Newtonian flow.

As discussed above, nanocrystallization takes place
in the present alloy during deformation in the super-
cooled liquid region, especially in the high strain rate
range (>10�3 s�1). The nanocrystallization is a
dynamic process, i.e. it is stress as well as tempera-
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Fig. 13. Fracture surface of the sample tested at 683 K and at
a strain rate of 10�2 s�1 revealing a ductile dimple appearance

with no evidence of a vein pattern.

ture driven. The presence of nanocrystalline phases
can significantly affect the mechanical properties of a
metallic glass. For example, Busch and Johnson [24]
recently showed that the presence of crystalline
phases increases the viscosity of amorphous
Zr46.75Ti8.25Cu7.5Ni10Be27.5 alloy. Kim et al. [25, 26]
also reported that the strength of amorphous
Al88Ni10Y2 was doubled when the alloy was partially
crystallized and contained Al particles of size 5–12
nm. The fact that the strength of an amorphous alloy
is increased by the presence of nanocrystalline par-
ticles can be used to explain the flow stress increase
after the final strain rate reduction, as illustrated in
Fig. 2. In this case, the flow stress monotonically
increases as a result of increasing concentration of
nanocrystalline phases. In the following, we discuss
the effect of the presence of nanocrystallites in a met-
allic glass on its mechanical behavior.

It is noted that ideal Newtonian viscous flow is an
exception rather than the rule in flow of viscous
materials [27]. From a rheological viewpoint, the
shear strain rate of a glass, ġ, is a nonlinear function
of applied shear stress, t, i.e.

ġ = f(t) (1)

Assuming convergence, equation (1) can be math-
ematically expanded into a Taylor series:

ġ = �n

i = 1

Aiti = A1t + A2t2 + A3t3 + A4t4 + A5t5 + …

(2)

Each term in the above series has its own physical
mechanism and can be identified with a specific, high-
temperature, deformation process in polycrystalline
solids. The first term (A1�0) represents ideal New-
tonian viscous flow. The second term (A2�0) rep-

resents a grain-boundary sliding mechanism com-
monly observed in fine-grained, crystalline,
superplastic materials. The third term (A3�0) rep-
resents a deformation process controlled by viscous
glide of dislocations in a crystalline lattice. The fourth
term (A4�0) represents a deformation process con-
trolled by dislocation climb in a crystalline lattice.
The non-zero values of the other Aiti where i>5 rep-
resent higher-order deformation mechanisms, such as
the particle strengthening that is often observed in
heavily alloyed materials or structural composites.

The intrinsic tensile ductility associated with each
deformation mechanism is different. In principle, the
ductility decreases with increasing i value; this is
attributed to decreased neck stability under tensile
deformation, as a result of decreased strain rate sensi-
tivity. For an ideal Newtonian fluid, the ductility is
in theory unlimited. In practice, however, the ductility
achieved experimentally is limited by constraints such
as the length of the testing furnace, and the uniformity
of the hot zone. The intervention of the other mech-
anisms, as listed in Table 2, can then further reduce
the tensile ductility.

The respective order of equation (2) is not univer-
sal but determined by the alloy system, the test tem-
perature, strain rate, and the microstructure of the
material. For example, as shown above, the present
metallic glass does not behave like an ideal Newton-
ian fluid in the high strain rate range because of the
concurrent operation of other deformation mech-
anisms resulting from the partial nanocrystallization
of the amorphous structure. The presence of these
new fine-crystal regions would be expected to modify
the Newtonian behavior. For example, if an alloy con-
tains aggregates of nanocrystalline grains (Fig. 7c),
having a mixed nanocrystalline-plus-amorphous
structure, as shown schematically in Fig. 14a, then to
a first approximation the total deformation rate can
be expressed by:

ġtotal = (1�fv)ġam + fvġcry (3)

where ġtotal is the total strain rate, ġam and ġcry are the
strain rates resulting from the amorphous and crystal-
line phases, respectively, and fv is the volume fraction
of the crystalline phase. Since the plastic flow of an
amorphous alloy can be described by ġam = At, and
the plastic flow of a nanocrystalline, superplastic
alloy can be described by ġcry = Bt2 where t is the
flow stress, and A and B are material constants, equ-
ation (3) becomes:

ġtotal = (1�fv)At + fvBt2 (4)

It is obvious from equation (4) that the measured
strain rate sensitivity would have to fall between 0.5,
the value for grain boundary sliding in fine-grained
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Table 2. Different deformation mechanisms, and the approximate ductility associated with each term in equation (2)

Coefficient Mechanism Approximate expected maximum
elongation, e

A1 Newtonian viscous flow unlimited
A2 Grain-boundary sliding 300%<e<8000%
A3 Viscous dislocation glide 50%<e<300%
A4 Dislocation climb e<50%
A5, A6, A7, …. Particle strengthening e<10%

Fig. 14. Nanocrystallization of an amorphous alloy produces two types of nanocrystalline morphologies: (a)
crystalline aggregates; (b) isolated crystals.

crystalline material, and unity, the value for Newton-
ian viscous flow.

However, if an alloy contains isolated nanocrystal-
line grains in an amorphous matrix (Figs 7b and 14b),
instead of having regions of nanocrystalline grains,
the total deformation rate can now be expressed by:

ġtotal = (1�fv)At + fvBtn (5)

where n>5, because the crystalline region of the
material is treated as a dispersion strengthened solid.
Obviously, the overall stress exponent for this alloy
is also greater than unity, i.e. m<1, but is not bounded
at a lower level by m = 0.5 as in the case for the
example of region of nanocrystalline grains.

Of additional interest is the drastic decrease in ten-
sile elongation in BMG at temperatures immediately
above the crystallization temperature. For example,
when a Zr52.5Al10Ti5Cu17.9Ni14.6 alloy (Tx = 729 K)
was tested at 743 K (Fig. 1), the alloy exhibits almost
zero ductility. This appears to be contrary to the con-
ventional wisdom that a nanograined alloy is expected
to exhibit large elongations, presumably resulting
from extensive grain boundary sliding. However, it
must be pointed out that in the case of grain boundary
sliding the sliding strain must be accommodated
either by diffusional flow or by dislocation slip (e.g.
climb or glide) across neighboring grains to prevent

cavitation and fracture; this is illustrated sche-
matically in Fig. 15. Dislocation slip in a multi-
component, ordered intermetallic compound is not
expected to be easy even at temperatures near Tx

(�0.8 Tm, where Tm is the melting point of the alloy).
On the other hand, when the grain size is suf-

ficiently small, e.g. in the nanometer range, the dif-

Fig. 15. Strain accommodation is necessary at grain triple junc-
tions to prevent cavitation, which leads to fracture during
superplastic deformation of fine-grained materials. The accom-
modation can take place through either a slip or a diffusional

process.



2896 NIEH et al.: BULK METALLIC GLASS

fusion distance that is required for accommodation is
also short. (Diffusional distance is estimated to be of
the same scale as the grain size.) In such a case, the
possibility of diffusional accommodation must also be
considered. The criterion for the prevalence of dif-
fusional accommodation can be estimated using the
equation:

√Dbt>d (6)

where Db is the grain-boundary self diffusivity, t is
the time, and d is the grain size. Obviously, this equ-
ation favors a small grain size, a slow strain rate, and
fast diffusivity. If the diffusional process is not suf-
ficiently fast to accommodate the sliding strain,
especially at high strain rates, cavitation would take
place and fracture follows. This accounts for the low
tensile elongation in some metallic glasses even
though they show a high m value at temperatures in
the vicinity of Tx.

6. SUMMARY

Plastic flow of a bulk amorphous Zr–10Al–5Ti–
17.9Cu–14.6Ni alloy was characterized in the super-
cooled liquid region. The alloy has excellent mechan-
ical formability in the supercooled liquid region. The
alloy exhibited Newtonian behavior at low strain
rates, but became non-Newtonian as the strain rate
increases. Microstructural examinations showed that
even though tests were carried out in the supercooled
liquid region, nanocrystallization still took place.
Although the structure in the grip region remained
amorphous, nanocrystallization occurred in the
deformed region, indicating that nanocrystallization
was stress driven. Therefore, the observed non-New-
tonian behavior can be attributed to glass instability
during deformation. Composite models were
presented to explain the strain rate sensitivity values.
Multicomponent BMG can be used as a precursor for
nanocrystalline solids; however, nanocrystalline sol-
ids are not necessarily superplastic. The non-super-
plastic behavior is caused by the difficulty of strain
accommodation at grain triple junctions.
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